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In  order  to  increase  efficiency  of  land  based  industrial  gas  turbines,  techniques  are 
being  developed  to  produce  large  single  crystal  Ni-base  supcralloys  for  turbine  blades 
and  vanes.  During  this  development,  grain  defect  formation  during  solidification  has 
become  an  increasingly  important  problem.  Typically,  grain  defects,  such  as  freckles  and 
misorlented  grains  are  caused  by  the  onset  of  thermosolutal  convective  instabilities 
during  the  dendritic  solidification.  In  an  effort  to  reduce  grain  defects  in  large  single 
crystal  alloys,  carbon  is  intentionally  added  to  the  single  crystal  nickel  alloys.  A study 
was  made  on  a model  Ni  based  superalloy,  LMSX I , with  varying  carbon  contents.  The 
results  I that  the  alloy  tendency  to  solidification  defect  formation  decreases  as  the 
carbon  content  increases.  A study  of  the  as-cast  microstructure  shows  that  the  amount  of 
y-y'  eutectic  phase  decreases  as  the  carbon  content  increases.  A microprobc  analysis 
using  a line  scan  technique  shows  that  the  partitioning  coefficient  does  not  change  with 


carbon  addition.  This  means  lhal  ihc  reduction  of  defecl  formation  is  not  caused  by  a 
change  in  the  segregation  behavior  of  alloying  elements,  fhe  carbides  formed  in  these 
alloys  are  mostly  of  script  type  MC  carbides  which  form  in  the  intordcndrilic  region. 
Longitudinal  sections  of  the  samples  containing  high  carbon  content  show  a continuous 
network  of  script  carbides.  The  dense  presence  of  these  carbides  in  the  intcrdendritic 
regions  of  the  alloy  prevents  the  thermosolutal  fluid  flow  in  these  areas.  As  a result,  one 
of  the  mechanisms  by  which  defects  form  is  suppressed. 

Mechanical  properties  of  the  model  alloys  are  greatly  influenced  by  the  carbon 
additions.  Creep  life  was  greatly  decreased  and  minimum  creep  rate  was  increased  with 
the  addition  of  carbon  to  the  model  alloy.  Addition  of  small  amount  of  carbon  (-0.01 
wt%  carbon)  improved  fatigue  life.  However,  higher  carbon  additions  (>0.05  wt% 
carbon)  resulted  in  a significant  drop  of  fatigue  life.  At  high  carbon  levels,  fatigue  life 
reaches  a plateau  and  further  carbon  additions  do  not  alter  fatigue  life  significantly. 
Carbon  additions  resulted  in  a reduction  of  tensile  elongation  except  at  0.05  wt%  carbon 
level  where  elongation  is  increased.  Generally,  for  all  samples,  the  yield  stress  decreased 
with  increasing  carbon  level  in  the  alloy  with  a higher  drop  in  samples  with  carbon  levels 
of  0.05  wt%. 

Stability  of  the  model  alloys  were  studied  by  long-term  thermal  exposure  of  the 
samples.  Carbon  additions  have  more  detrimental  effect  on  creep  properties  of  exposed 
samples  compared  to  non-exposed  samples.  Minimum  creep  rate  increases  at  a higher 
rate  for  exposed  samples  compared  to  non-exposed  samples.  Exposure  also  aflcctcd 
fatigue  properties  and  fatigue  life  was  reduced  at  all  carbon  levels.  A plateau  of  fatigue 
life  versus  carbon  addition  was  reached  at  high  carbon  levels  (>0.10  wt%  carbon). 


CHAPTER  I 
INTRODUCTION 

Superalloys  are  those  alloys  which  can  suslain  severe  mechanical  stresses  ai 
elevated  temperatures.  They  are  mainly  divided  into  three  categories,  namely,  nickcl-hasc 
superalloys,  coball-base  supcralloys,  and  iron-hose  superalloys  [I].  They  are  utilized  at 
high  fractions  of  their  melting  temperature  and  they  are  being  used  in  the  gas  engines  of 
jet  aircrafts,  as  well  as  land  based  industrial  gas  turbines. 

Since  this  project  is  related  to  nickel  based  superalloys,  this  chapter  will 
concentrate  on  these  types  of  superalloys,  their  chemical  composition,  microstructure, 
and  mechanical  properties.  Nickel  based  superalloys  are  the  most  complex  and  widely 
used  for  the  hottest  components  of  a gas  turbine,  namely,  blades  and  vanes.  The  required 
properties  of  specific  components  depend  on  the  application  that  this  component  is  used 
for.  For  instance,  applications  for  aircraft  engine  blades  require  high-temperature  tensile 
strength,  creep  rupture  strength  to  5000  hours,  and  resistance  to  oxidation  [ 1 ).  On  the 
other  hand,  land  based  power  generation  gas  turbines  require  blade  alloys  with  lower 
temperature,  longer  time  creep  rupture  properties  and  good  hot-corrosion  resistance. 

Chemical  Composition 

The  power  output  and  consequently  the  efficiency  of  a gas  turbine  increase  as  the 
turbine  inlet  temperature  increases.  Nickel  based  superalloys  have  been  used  for  gas 
turbine  blades  and  vanes  because  these  components  are  exposed  to  the  highest 
temperature  in  the  engine.  The  resulting  high  temperature  properties  of  nickel-base 
supcralloys  are  dependent  on  the  alloy  composition  and  processing.  Nickel-base 


superalloys  consisl  of  al  Icasl  12  lo  13  elements  that  arc  controlled  carefully.  These 
elements  are  mixed  together  in  order  lo  get  a combination  of  good  properties  for  a 
specific  application.  Mainly,  most  nickel-base  superalloys  contain  10-20%  chromium,  up 
to  around  8%  aluminum  and  titanium,  5-10%  cobalt,  and  small  amounts  of  zirconium, 
boron,  and  carbon  [I].  Other  additions  that  are  optionally  added  lo  improve  properties 
include  molybdenum,  tungsten,  niobium,  tantalum,  rhenium,  and  hafnium. 

The  microstruclure  of  nickel-base  alloys  consists  of  several  phases.  The  first  phase 
is  the  gamma  matrix  which  is  a continuous  matrix  of  an  FCC  nickd-basc  austenitic 
structure.  This  phase  contains  high  percentage  of  solid-solution  elements  such  as  cobalt, 
chromium,  molybdenum,  and  tungsten.  The  second  phase  is  the  gamma  prime  phase 
which  precipitates  coherently  with  the  austenitic  y matrix.  This  phase  has  an  FCC-like 
(Lh)  structure  and  its  composition  mainly  consists  of  aluminum,  titanium,  niobium,  or 
tantalum  with  a formula  Nis(AI,Ti,Ta,Nb).  The  third  phase  present  in  nickel-base  alloys 
is  the  carbide  phase.  The  carbon  added  to  the  alloy  combines  with  reactive  and  refractory 
elements  to  form  primary  MC  type  carbides  where  M could  be  titanium,  tantalum,  or 
hafnium.  During  service  and,  less  likely,  during  heat  treatments,  these  carbides 
decompose  to  lower  secondary  carbides  such  as  M-iCs  and  MsC  which  form  al  grain 
boundaries.  Borides  also  form  as  infrequent  grain  boundary  particles.  Finally,  other 
phases  that  can  form  in  nickel-basc  alloy  are  the  topologically  close  packed  (TCP) 
phases.  After  exposure  and  with  certain  conditions,  these  deleterious  phases  form  such  as 
o.  p and  Laves  which  reduce  the  rupture  strength  and  the  ductility  of  the  alloy. 

The  y matrix  of  the  nickel  base  supcralloy  has  several  characteristics  which  makes 
it  suitable  as  a superalloy  material.  First,  nickel  has  high  tolerance  for  alloying  elements 


without  phase  instability  because  of  its  nearly  filled  third  electron  shell  [2],  Secondly, 
additions  of  Cr  to  the  nickel  base  superalloy  tend  to  form  CrjOj-rich  protective  scale 
which  has  low  cation  vacancy  content  and  is  relatively  protective  against  oxidation  and 
corrosion.  This  stops  the  diffusion  rate  of  metallic  elements  outward  and  other  aggressive 
atmospheric  elements,  such  as  oxygen  and  sulfur,  inward.  Moreover,  with  the  additions 
of  aluminum,  nickel  alloys  form  AI2O3  scale  with  increased  resistance  to  oxidation  at 
higher  temperature. 

The  7'  phase  in  nickel-base  supcralloys  is  of  FCC-like  crystal  structure  and  has  the 
chemical  formula  of  A3B.  Elements  such  as  Ni,  Co,  or  Fe  compose  the  A position  and 
elements  such  as  aluminum,  titanium,  tantalum,  or  niobium  compose  the  B.  In  a typical 
nickel-base  superalloy,  7’  is  of  the  composition  (Ni,Co)3(AI,Ti,Ta,Nb)  with  Ni  and  Al 
more  dominating.  In  this  ordered  7'  structure  the  Ni  atoms  are  at  the  face  centers  and  Al 
atoms  at  the  cube  comers.  7*  is  an  intcrmelallic  compound  which  is  stable  over  a 
relatively  wide  range  of  composition  as  shown  in  Figure  I . I [3]. 


( 1 385  °C).  In  early  Ni-base  supcralloys,  the  ■{  prccipilaled  as  spherical  particles  with  a 
low  volume  fraction.  With  an  increase  in  aluminum,  titanium,  niobium,  and  tantalum  the 
y precipitates  become  cuboidal  and  the  volume  fraction  now  approaches  70%. 


The  morphology  or  Ihe  shape  of  y'  panicles  is  affected  by  lattice  mismatch,  strain 
energy  and  interfacial  energy.  'Hie  shape  that  the  y' -panicles  take  minimizes  both  the 
surface  and  strain  energy  per  unit  volume  of  the  precipitate.  If  we  assume  that  the  strain 
energy  is  negligible,  then  the  y shape  will  be  dependent  on  the  intcrfacial  energy  and  the 
geometry  that  minimizes  this  energy  is  a sphere.  However,  strain  energy  increases,  which 
result  from  lattice  mismatch,  will  modify  the  precipitate  shape,  such  that  the  shape  of  y' 
precipitates  will  not  be  spherical. 

The  lattice  mismatch  between  the  y matrix  and  y’  precipitates  is  affected  by 
alloying  elements  additions.  A study  by  V.  Biss  and  D.  L.  Sponseller  [4]  showed  that  Mo 
additions  to  Ni-Cr-AI-Mo  alloy  decrease  the  lattice  mismatch  to  more  negative  values.  As 
a result,  the  y’  precipitates  morphology  changed  from  spherical  to  cuboidal  as  shown  in 
Figure  1.2. 


(a)  (b) 


Figure  1.2  Effect  of  Mo  additions  on  yf  precipitates  morphology  (a)  3.14  wt%  Al.0.0 

Mo.  14.29  wt%  Cr,  Ni  (balance)  (b)  4.32  Wt%  Al,  8.14  wt%  Mo.  12.9  wt%  Cr, 
Ni  (balance). 

It  is  worth  noting  that  the  amount  of  mismatch,  and  therefore  strength,  required  in 
the  microstructure  depends  upon  the  application.  In  general,  high  mismatch  means  high 


strength.  However,  y'  particles  tend  to  coalesce  more  rapidly  at  higher  temperature  as  the 
mismatch  increases.  During  creep,  Y directionally  coaisens  and  forms  lamellae 
depending  on  the  amount  and  sign  of  y/y'  lattice  mismatch  in  addition  to  the  sense  of 
stress  (i.e.,  tensile  or  compression)  |5]. 

Carbides  found  in  Ni-basc  superalloys  are  of  different  types,  namely,  MC,  MuCs 
and  M6C.  They  serve  three  main  functions  in  Ni  superalioys.  First,  proper  formation  of 
grain  boundary  carbides  strengthens  the  grain  boundary  and  stops  or  retards  grain 
boundary  sliding  and  limits  grain  growth.  This  results  in  a significant  effect  on  rapture 
strength.  Second,  the  presence  of  carbides  as  fine  precipitates  in  the  matrix  results  in  a 
limited  amount  of  strengthening.  Third,  certain  elements  which  would  promote  phase 
instability  during  sendee  are  tied  up  to  the  carbides. 

Different  morphologies  of  primary  MC-type  carbides  arc  encountered  in  the 
microstractures  of  Ni-base  superalioys.  These  carbides  which  form  during  solidification 
could  be  blocky,  script  or  rod-like  shapes,  as  shown  in  Figure  1 .3. 


Figure  1.3  Different  morphologies  of  MC-type  carbides  found  in  nickel  base 
superalloys.(a)  script  morphology,  (b)  blocky  [6]. 

MC  carbides,  such  as  TiC,  TaC  and  HfC,  have  an  FCC  cubic  crystal  structure  and 
are  among  the  most  stable  compounds  in  nature.  They  form  by  simple  combination  of 


carbon  with  refractory  elements.  In  superalloys,  the  preferred  order  of  formation,  in  order 
of  decreasing  stability,  is  HfC,  TaC  and  TiC  [3),  However,  this  order  is  different  than 
predicted  by  thermodynamic  stability  which  is  HfC,  TiC  and  TaC. 

MC  carbides  are  a major  source  of  carbon  for  subsequent  phase  reactions  during 
service  and  heat  treatment  [2).  In  some  alloys,  such  as  A-286  and  Incoloy  901,  MC 
carbides  form  films  along  grain  boundaries  and  this  result  in  a reduction  in  ductility  of 
the  alloy.  M atoms  in  these  carbides  can  substitute  for  each  other,  as  in  (Ti,Nb)C. 
However,  other  elements,  mainly  molybdenum  and  tungsten , can  substitute  in  these 
carbides  as  well.  For  example,  (Ti,  Mo)C  is  found  in  alloys  such  as  Udimet  500,  M-252, 
and  Rene  77.  The  change  in  carbide  stability  and  order  from  that  predicted 
thermodynamically  is  probably  due  to  molybdenum  or  tungsten  substitution,  which 
weakens  the  binding  forces  in  MC  carbides  [31.  This  results  in  degeneration  reactions  to 
other  forms  of  carbides  that  are  more  stable,  which  will  be  mentioned  later.  On  the  other 
hand,  addition  of  tantalum  and  niobium  to  the  nickel  base  supcralloy  results  in  the 
formations  of  MC  carbides  that  do  not  break  down  easily  during  solution  heat  treatments 
and/or  during  service  [1], 

MaCs  carbides  form  in  alloys  with  moderate  to  high  chromium  content.  They  form 
from  the  degeneration  of  MC  carbide  and  from  stable  residual  carbon  in  the  alloy  matrix 
during  lower  temperature  heat  treatment  (732-980  ”C),  A study  by  Garosshen  and 
McCarthy  [7)  showed  that  MaCs  forms  in  Ni-basc  supcralloy  at  a relatively  low 
temperature  range  (732-760  °C).  MjjC6  carbides  mainly  form  at  grain  boundaries  and 
occasionally  occur  along  twin  bands  and  stalking  faults.  The  structure  of  M’iC's  is  a 
complex  cubic  and  it  closely  approximates  the  structure  of  TCP  o-phase  if  the  carbon 


atoms  are  removed.  In  fact,  the  coherence  between  M23C4  and  a is  high  and  c plates 
usually  nucleate  on  particles. 

The  approximate  composition  of  MaCg  with  the  presence  of  tungsten  and 
molybdenum  is  Cr,|(Mo.\V),C,,.  although  it  also  has  been  shown  that  appreciable  nickel 
can  substitute  in  the  carbide.  Properties  of  Ni-base  superalloys  are  strongly  affected  by 
M23C6  panicles.  Discrete  particles  of  M23C6  improve  the  rupture  strength  through  the 
inhibition  of  grain  boundary  sliding.  However,  failure  can  initiate  either  by  fracture  of 
M23C6  particles  located  at  the  grain  boundaries  or  by  decohesion  between  M23C6  particles 
and  the  matrix. 

M<,C  carbides  have  a complex  cubic  structure  as  well.  They  form  at  temperature 
slightly  higher  than  those  of  M23C6  (-815-980  °C)  when  molybdenum  and/or  tungsten 
content  is  high,  roughly  more  than  6-8  a/o,  MsC  and  M23C6  both  form  in  alloys  MAR-M 
200,  B-1900,  Rene  80,  Rene  41,  and  AF-1753.  The  approximate  compositions  of  M<,C  are 
(Ni.Co^MosC  and  (Ni.Coj2W4C.  MsC  is  more  important  than  M23Q  as  a grain-boundary 
precipitate  for  controlling  grain  size  during  the  processing  of  wrought  alloys.  This  is 
because  MsC  carbides  is  more  stable  at  higher  temperature  than  the  M23CA  carbides. 

The  main  reaction  by  which  MC  decomposes  to  hfoCs  is  believed  to  be  as  follows 

[7.8]: 

MC  + yMaCs  + f 

(TiJVIo)C  + (Ni,Cr,AI,Ti)  -*  Cr2|Mo2C6  + Ni3( Al.Ti) 

This  equation  was  based  on  metallographic  observations  rather  than 
thermodynamic  evidence.  For  instance,  M23Q  carbides  and  y were  observed  to 
precipitate  around  MC  carbides.  Therefore,  the  distribution  of  MC  carbides  is  expected  to 


affect  the  formation  of  MrjC6  at  low  temperatures.  MsC  can  form  in  a similar  manner  as 


(Ti,Mo)C  + (Ni,Co.AI,Ti)  -*  Moj(Ni,Co),C  + Ni3(Al,Ti) 

In  addition.  M$C  and  M33C*  interact,  forming  one  carbide  from  another  [I]: 

Moi(Ni.Co),C  + Cr  CruMojCs  + (Ni,Co,Mo) 

It  is  known  that  the  volume  fraction,  size  and  morphology  of  MC  carbides  have 
very  important  effects  on  the  mechanical  properties  and  solidification  behavior  of  nickel- 
base  superalloys.  The  MC  carbide  morphology  and  size  depend  on  alloy  composition  and 
solidification  conditions.  Liu  ct  al.  (as  cited  in  Chin  16])  has  calculated  the  carbide-liquid 
interface  energy  of  various  carbide  interfaces  and  found  that  the  { 1 11 ) set  of  planes  are 
the  most  stable  interface.  Therefore,  the  octahedron  with  (111)  faces  is  the  equilibrium 
carbide  shape  due  to  the  minimum  carbide  liquid  interface  energy. 

Although  the  equilibrium  MC  carbide  morphology  is  the  octahedron,  different  MC 
morphologies  are  observed  in  commercial  Ni-base  superalloys  and  arc  mostly  script-type 
carbides.  Fernandez  ct  al.  [9]  studied  the  effect  of  growth  rate  (R)  and  thermal  gradient  at 
the  solid  liquid  interface  (G)  on  the  carbide  morphology  and  size  for  IN-100  superalloys. 
It  was  found  that  the  volume  fraction  of  faceted  carbides  increased  as  the  growth  rate 
decreased  and  the  thermal  gradient  increased  as  shown  in  Figure  1 .4.  The  volume  fraction 
of  faceted  carbides  decreased  with  decreasing  G/R  value  and.  instead,  the  Chinese  script- 
type  forms  in  the  alloy. 
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on  the  carbide  volume  fraction  and  size. 


The  reason  that  the  carbide  changes  its  morphology  from  the  equilibrium 
octahedron  to  script  type  is  because  at  fast  growth  rates,  there  is  no  lime  for  carbide 
forming  elements  to  diffuse  and  form  the  equilibrium  shape.  The  average  carbide  size 
also  changes  with  growth  rale  and  thermal  gradients.  As  the  growth  rate  increases  or  the 
thermal  gradient  increases,  the  carbides  become  finer  in  size  [9]  (Figure  1 .4). 

L.  Liu  el  al.  [10]  calculated  the  concentration  ofTi  in  the  intcrdcndritic  liquid  as  a 
function  of  Gl/R  ratio  using  the  Bower-FIcmings  equation  [ 1 1 ] (Figure  1 .5), 


Oi/aeC'Mciab 

Figure  1 .5  Concentration  of  Ti  in  interdendritic  regions  as  a function  of  liquid  fraction 
and  growth  conditions  [10]. 

In  directional  solidification,  as  the  value  of  Gl/R  decreases,  the  solid/liquid 
interface  changes  from  a planar  to  a dendritic  interface.  In  addition,  from  Figure  l.S,  the 
concentration  of  Ti  in  the  liquid  increases  as  Gl/R  decreases.  Asa  result,  the  saturation  of 


carbide  forming  clcmcms  in  the  case  of  the  dendrite  interface  is  higher  than  that  of  the 
planar  interface.  This  results  in  the  carbides  develop  into  script  type  because  these 
branches  of  crystals  can  easily  grow  under  high  super  saturation  [10]. 

The  other  phases  which  can  form  in  Ni-basc  superalloys  are  the  TCP  phases.  These 
phases  are  composed  of  dose-packed  layers  of  atoms  parallel  to  { 1 1 1 > planes  of  the  y- 
matrix.  These  phases  have  tetrahedral  interstices  only,  which  allow  them  to  possess  a 
high  and  uniform  atomic  packing  density. 

If  the  composition  of  the  alloy  is  not  carefully  controlled,  then  TCI’  phases  can 
form  either  during  heat  treatment  or,  more  commonly,  during  service.  Generally,  these 
phases  often  nucleate  on  grain  boundary  carbides  and  are  detrimental  to  mechanical 
properties.  Those  commonly  formed  in  nickel  alloys  are  p and  o phases.  They  have  the 
formula  (Cr.Mo),  (Ni,Co)»,  where  x and  y can  vary  from  I to  7. 

Sigma  phase  has  detrimental  effects  on  nickel  base  superalloys.  First,  a particles 
may  act  as  a source  for  crack  initiation  and  propagation  which  could  result  in  brittle 
failure.  This  is  because  of  the  physical  hardness  of  this  phase  and  its  plate-like 
morphology.  Secondly,  sigma  phases  affect  the  elevated  temperature  rupture  strength. 
This  is  because  this  phase  has  high  refractory  metal  (W,  Mo,  Or  and  Re)  content  which  is 
depleted  from  the  y-matrix  of  the  supcralloy  and  causes  a loss  of  solid  solution 
strengthening.  This  mechanism  is  particularly  effective  in  creep  conditions  and  may 
explain  the  severe  reduction  in  rupture  life  at  high  temperature  seen  in  some  alloys  with 
the  presence  of  TCP  phases. 

The  U phase  does  not  produce  as  severe  a degradation  in  properties  as  o phase.  In 
alloy  TN-625,  strength  retention  occurs  when  p is  present  in  the  range  538-649  ®C  (1000- 


1200  °F).  For  MC2  single  crystal,  it  has  been  shown  [12]  that  moderate  volume  fractions 
(<0.15  vol%)  of  needle-like  p phase  precipitates  did  not  affect  the  ductility  nor  the  impact 
strength  at  25  °C.  In  addition,  g phase  precipitates  have  no  deleterious  effect  on  the  low 
cycle  fatigue  properties  at  6S0  and  950  °C  of  the  MC2  superalloy. 

Directional  solidification  of  columnar  grains  and  single  crystal  castings  is 
accomplished  by  the  same  basic  process.  It  is  done  by  allowing  solidification  to  occur  in 
a controlled  thermal  gradient  that  results  in  an  aligned  columnar  structure  parallel  to  the 
solidification  direction.  The  Bridgman  process  is  the  casting  technique  most  commonly 
used  for  directional  solidification.  In  this  process,  the  supcralloys  arc  melted  in  vacuum 
chambers  and  poured  into  a ceramic  mold  which  has  been  healed  to  a temperature  above 
the  liquidus  of  the  alloys.  Upon  contact  with  the  copper  chill,  the  molten  alloy  solidifies 
and  forms  a thin  layer  of  equiaxed  crystals.  Further  growth  prefers  those  grains  aligned 
with  <00l>  direction  parallel  to  the  thermal  gradient  and  produces  directionally  solidified 
columnar  structures.  Single  crystals  arc  obtained  by  including  a constriction  (e,g,,  a Helix 
or  Pig-Tail)  that  acts  as  a filter  and  allows  only  a single  grain  to  pass  through.  The 
continuous  change  of  direction  of  the  helix  coupled  with  the  orthogonal  nature  of 
dendrite  growth  gradually  limits  all  but  one  favored  grain,  resulting  in  a single  crystal 

There  are  several  defects  associated  with  casting  of  columnar  and  single  crystal 
structures.  Examples  of  casting  defects  associated  with  single  crystals  are  [ I ] low  angle 
boundaries,  freckles,  and  slivers.  Low  angle  boundaries  arc  boundaries  with  a lattice 
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misorientation  of  1 5°  or  lower  which  could  act  as  crack  initiation  sites.  Slivers  are  large 
single  grain  that  appear  on  the  surface  of  the  blade. 

Freckles  have  been  observed  in  both  columnar  grained  and  single  crystal  structures 
of  nickel  base  alloys.  They  are  easily  detected  in  single  crystal  castings  and  appear  as 
long  vertical  lines  of  equiaxed  grains  on  the  external  surface  [ 1 3].  These  defects  do  not 
normally  appear  on  the  surface  of  single  crystal  rods  and  wires  of  small  diameter.  In 
addition,  the  number  of  freckle  lines  increases  with  increasing  ingot  diameter.  For  simple 
shapes,  these  freckle  lines  appear  in  a reproducible  fashion  throughout  the  length  of  the 
bar.  It  has  been  observed  (13]  that  freckles  are  normally  initialed  at  a considerable 
distance  from  chill  where  the  thermal  gradient  is  lower.  In  addition  to  the  effect  of  size  on 
the  number  of  freckles,  chemical  composition  affects  the  freckle  formation  of  alloys.  It 
has  been  noted  [13]  that  high  levels  of  aluminum  and  tungsten  render  the  alloy  more 
susceptible  to  freckling.  During  solidification,  aluminum  partitions  to  the  liquid 
(intcrdendritically)  and  tungsten  partitions  to  the  solid  (dendrite  core).  Consequently, 
liquid  density  decreases,  which  results  in  the  formation  of  localized  columns  of 
convection  during  solidification.  Tantalum  additions  have  a beneficial  effect  in  reducing 
freckle  formation  [14J.  Since  during  solidification,  tantalum  segregates  preferentially  to 
the  interdendrilic  regions  and  offsets  the  density  imbalance  which  develops  between  the 
solute  in  the  mushy  zone  and  the  bulk  liquid.  This  results  in  stabilizing  convective  fluid 
flow  and  consequently  a reduction  in  freckle  formation. 

There  are  several  strengthening  mechanisms  that  contribute  to  the  strength  of 
nickel-base  superalloys.  These  include  solid  solution  strengthening  and  strengdtening 


i fine  panicles.  There  are  Iwo  types  of  solid  solution. 


interstitial  solid  solution.  The  strength  of  solid  solution  alloys  comes  from  the  interaction 
of  solute  atoms  with  dislocations  by  different  mechanisms  [15]:  clastic  interaction, 
modulus  interaction,  slacking  fault  interaction,  electrical  interaction,  .short-range  order 
and  long-range  order  interaction.  The  resistance  to  dislocation  motion  due  to  these 
interactions  constitutes  solid  solution  strengthening. 

Strengthening  from  fine  particles  are  two  types:  dispersion  strengthening  and 
precipitation  hardening.  In  dispersion  hardening,  hard  particles  are  mixed  with  matrix 
powder  and  consolidated  and  processed  by  powder  metallurgy  techniques.  Precipitation 
hardening,  on  the  other  hand,  is  produced  by  solution  treating  and  quenching  an  alloy  in 
which  a second  phase  is  in  solid  solution  at  high  temperature  but  precipitates  upon 
quenching  and  aging  at  lower  temperature. 

The  major  contribution  to  the  strength  of  precipitation  hardened  nickel  based 
superalloys  is  from  the  coherent  stable  intcrmctallic  compounds  such  as  Y'(Nij(AI,Ti)) 
and  y'{Nij(Cb,AI,Ti)] . Other  phases  such  as  carbides  and  borides  provide  strength  to 
grain  boundaries  which  affects  creep  rate,  rupture  life  and  rupture  strain. 

Heat  Treatments 

As-cast  supcralloys  exhibit  a high  degree  of  segregation  because  of  the  partitioning 
of  the  alloying  elements  during  solidification.  Heat  treatment  is  performed  on  these  alloys 
to  perform  several  functions.  Mainly  the  heal  treatments  homogenize  the  microstructurc, 
improve  ductility  and  achieve  a variety  of  other  effects  depending  on  the  alloy 
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For  nickel  base  superalloys,  different  heat  treatments  arc  employed  for  different 
alloys  to  achieve  certain  properties.  Nickel  base  superalloys  that  arc  used  in  gas  turbine 
are  heat  treated  in  several  stages.  First , the  solution  heat  treatment  is  used  to  reduce  the 
segregation  and  homogenize  the  microstructure.  This  is  followed  by  aging  heat 
treatments  performed  in  two  stages  where,  in  the  first  stage,  y'  precipitates  are  grown  to 
have  an  average  edge  length  of  0.3-0.5  pm.  In  the  second,  lower  temperature  aging  heat 
treatment,  a smaller  size  y"  is  formed  in  the  y channels  between  the  larger  size  y particles. 
This  has  been  found  to  produce  the  best  combination  of  mechanical  properties. 

Mechanical  Properties 

Ni-base  superalloys  are  used  in  applications  where  they  are  exposed  to  corrosive 
environments  and  subjected  to  high  temperatures  and  high  operating  loads.  In  these 
applications,  the  alloys  are  subjected  to  repeated  strains  and/or  loads.  These  conditions 
would  result  in  crack  initiation  or  propagation  and  consequently  failure.  In  this  section, 
an  overview  of  the  mechanical  properties,  such  as  tensile,  creep,  and  fatigue  will  be 
presented. 

Tensile  Properties 

Tensile  properties  of  superalloys  are  mainly  controlled  by  alloy  composition  and  y’ 
size.  Figure  1.6  [16]  shows  the  change  of  yield  stress  as  a function  off  size. 


Figure  1.6  Effect  of  y"  size  on  yield  stress  at  593°C  (I  I00°F). 

Deformation  of  single  crystal  superalloys  with  orientations  near  <00l>  arc  by 
octahedral  slip  on  the  closed  packed  { 1 1 1 J planes  and  they  exhibit  yield  strengths  similar 
to.  but  somewhat  higher  than,  those  of  conventionally  cast  superalloys)  17]. 

The  inverse  relationship  between  yield  stress  and  y*  size  shown  in  Figure  1 .6 
necessitated  a minimum  cooling  rate  from  the  solution  heat  treatment  temperature  of 
single  crystal  alloys.  A decrease  of  y*  size  and  increase  of '{  volume  fraction  have 
resulted  in  an  increase  in  yield  stress  of  alloy  U720LI  [18],  A study  on  fracture  behavior 
of  IN738LC  showed  that  the  temperature  and  microstructure  of  the  alloy  affects  the 
fracture  mode  [19].  At  room  temperature,  the  fracture  mode  of  medium  and  coarse  Y 
structures  was  dimpled-ductile  type  while  that  of  fine  Y or  duplex  y*  structures  was 
cleavage  mode.  The  authors  attributed  this  to  the  ability  of  coarse  and  medium  scale 
structures  to  form  micro  voids  which  result  in  a dimple  fracture  mode  in  the  medium  and 
coarse  structures.  In  addition,  intergranular  secondary  cracks  and  carbides  of  type 
(Ta.Ti)C  were  observed  on  the  fractured  surface  of  medium  and  coarse  structures  but  not 
in  the  fine  and  duplex  structures.  These  carbides  could  cause  the  intergranular  fracture 
observed  in  medium  and  coarse  but  not  in  the  fine  and  duplex  structures. 


High  modulus  single  crystal  alloys  can  have  lower  yield  strengths  as  a result  of  the 
deformation  on  1100}  cube  planes  that  have  a lower  critical  resolved  shear  stress.  Single 
crystal  in  the  <1 1 1>  orientation  exhibits  lower  yield  strengths  but  very  high  ultimate 
strengths  at  room  temperature,  which  indicate  that  many  aotive  cube  slip  systems  are 
participating  in  the  deformation  process.  R.P.  Dalai  ct  al.  [20]  showed  that  the  tensile 
properties  of  single  crystal  nickel  base  supcralloy  (7wt%  Al,  14  wt%  Mo.  7wt%  W)  is 
isotropic  at  high  temperature  (Figure  1.7),  indicating  that  multiple  slip  is  occurring. 


not  equal  and  arc  orientation  dependent,  D.M.  Shah  and  D.N.  Duhl  [2 1 ] analyzed  PWA 
1480  single  crystal  and  found  out  that  yield  strength  in  tension  at  an  orientation  <00l>  is 
higher  than  yield  strength  in  compression.  This  is  opposite  for  the  direction  <01 1>  as 
shown  in  Figure  1 .8.  They  anributed  this  to  the  constriction  of  partial  dislocations  in  case 
of  tensile  loading  and  extension  of  partial  dislocations  in  case  of  compressive  loading  for 


ihe  <001>  orientation.  Constriction  of  partial  dislocations  aids  the  cross-slip  process  and 
the  alloy  appears  stronger  in  tension. 


Creep  Rupture  Properties 

Creep  resistance  becomes  the  controlling  factor  for  superalloy  design  with 


increasing  temperatures.  Typical  creep  curve  behavior  is  shown  in  Figure  1 .9  where  the 
creep  curve  can  be  divided  into  three  stages,  namely,  primary,  secondary,  and  tertiary 
stage.  Primary  stage  is  characterized  by  a high  strain  rate  which  decreases  continuously 
until  it  reaches  a minimum  value  signifying  the  start  of  second  stage  of  creep.  During  the 
secondary  stage,  the  steady  state  creep  represents  a balance  between  work  hardening  and 
recovery  processes.  The  recovery  process  during  this  stage  is  mainly  occurs  by 
dislocation  climb.  The  tertiary  stage  represents  the  realm  of  rapidly  increasing  creep  rate 
and  ends  with  fracture  of  the  material.  Creep  deformation  during  secondary  and  tertiary 


creep  occurs  by  Iwo  process  [22],  slip  in  Ihe  crystal  and  grain  boundary  sliding  in  the 


ease  of  polycrystalline  alloys. 


recovery  processes  during  steady  state  creep  rate.  Firstly,  solute  atoms  could  segregate  to 
dislocation  cores  and  retard  dislocation  climb.  As  a result,  recovery  is  reduced  and  the 
material  becomes  more  creep  resistant.  Secondly,  high  concentrations  of  solute  can  lower 
ihe  stacking  fault  energy  of  the  material  which  results  in  increasing  the  width  of 
dissociated  partial  dislocations,  making  climb  as  well  as  the  cross  slip  processes  more 
difficult  [22, 23].  Precipitation  hardening  also  improves  the  creep  resistance  of  an  alloy 
and  its  effect  is  additive  to  the  solid  solution  strengthening.  Precipitates  of  optimum  size 
and  distribution  provide  resistance  to  dislocation  motion  in  the  crystal  and  result  in 
increased  creep  strength.  At  high  temperatures,  diffusion  rate  affects  creep  resistance 
greatly.  Metals  with  high  diflusion  rates  result  in  lowered  creep  resistance  as  dislocations 
overcome  obstacles  rapidly  by  climb. 

Creep  properties  of  Ni-base  supcralloys  are  dependent  on  several  factors  including 
the '/'  volume  fraction,  lattice  mismatch  between  y"  and  the  matrix, y'  morphology,  and  y' 


size.  One  of  Uie  characteristics  of  high  temperature  creep  deformation  of  single  crystal 
nickel-base  superalloys  is  the  directional  coarsening  of  y‘  precipitates.  The  directional 
coarsening  or  rafting  of  y’  precipitates  occurs  under  the  influence  of  applied  stress.  An 
example  of  a rafted  structure  of  CMSX-2  after  20  hours  of  creep  at  1 050  °C  is  shown  in 
Figure  1.10  [3].  The  direction  of  rafts  depends  on  the  misfit  between  the  y'  precipitates 
and  the  y matrix.  Misfit.  8,  is  defined  as  follows  [24. 25): 

8 - 2 (ay' -ay)/ (ay'  + ay) 

Where  ay  and  ay*  are  the  lattice  parameter  of  the  y and  y‘ , respectively.  Negative 
misfit  means  that  the  lattice  parameter  of  y'  is  smaller  than  that  of  the  y.  In  this  case,  the 
y precipitates  will  be  in  tension  stress  while  the  y matrix  will  be  under  compression.  If 
the  misfit  is  negative,  then  the  y'  rafts  would  form  normal  to  the  stress  axis  and  vicc- 


Figure  1 . 1 0 Rafting  of  y'  phase  in  CMSX-2  after  creep  test  of  20  hours  at  1 050  °C. 

T.M.  Pollock  and  A.  S.  Argon  [5]  have  studied  the  rafting  in  nickel-base  single 
crystals  with  high  volume  fractions  of  coherent  y‘  particles.  The  authors  concluded  that 


rafting  of  cube-shaped  y'  does  not  occur  at  a significant  rate  until  some  limited  amount  of 
creep  deformation  has  taken  place,  i.e.  introducing  dislocations  in  the  microstructure. 
Directional  coarsening  occurs  very  rapidly  after  the  formation  of  dislocations.  This  was 
based  on  creep  tests  which  were  designed  to  prevent  creep  but  at  the  same  time  bios  the 
rafting  process  with  an  external  stress.  The  microstructure  did  not  develop  any  rafts  after 
228  hours  with  a loading  of  130  MPa.  In  a negative  misfit  alloy,  matrix  would  be  under 
hydrostatic  compression  and  the  precipitate  in  hydrostatic  tension.  Application  of 
external  stress  would  result  in  positive  pressure  build  up  in  the  vertical  matrix  channels 
and  a negative  pressure  in  the  horizontal  matrix  channels  (26, 27).  This  would  result  in 
the  coalescence  of  y'  precipitates  and  to  the  formation  of  y'  rafts.  The  coalescence  of  y' 
precipitates  is  supported  by  the  observation  that  lamellae  thickness  is  similar  to  the 
original  y'  size  before  rafting  [28, 29).  In  addition,  TEM  images  of  creep  samples  from 
interrupted  creep  tests  show  dislocation  networks  in  the  y matrix  only,  which  means  that 
the  y’  particles  are  avoided  and  remained  dislocation  free. 

Formation  of  y'  rafts  improve  the  creep  strength  of  the  alloy  because  y*  rafts  act  as 
a barrier  for  dislocation  motion  [30J.  Higher  misfit  between  y matrix  and  y’  precipitates 
results  in  a finer  dislocation  spacing  at  the  y-y’  interface.  This  would  result  in  increased 
resistance  to  dislocation  cutting  through  the  y’  rafts.  In  addition,  higher  mismatches 
would  form  y1  rafts  faster  during  creep  tests  and  would  result  in  a reduction  of  creep  rate. 
M.  V.  Nathal  and  L.  J.  Ebert  (31)  showed  that  creep  resistance  increased  when  Co  was 
substituted  for  Ni  in  an  alloy  with  high  Ta  and  W content.  The  Co  addition  was 


associated  with  an  increase  in  y-y'  lattice  mismatch  which  resulted  in  the  increased  creep 
strength. 

As  mentioned  earlier,  the  7'  size  affects  the  creep  life  of  the  alloy.  Figure  1 . 1 1 
shows  the  creep  life  versus  7’  size  for  two  alloys  of  similar  composition  except  that  alloy 
H is  higher  in  W by  2.7  wt%  [29],  This  resulted  in  an  increase  in  lattice  mismatch  of 
alloy  H over  alloy  F of  -0.1 7%  versus  < -0.1%  of  alloy  F.  The  graphs  show  that  there  is 
an  optimum  value  of  7’  size  where  creep  resistance  is  improved.  It  also  shows  that  the 
optimum  value  depends  on  the  value  of  7/7'  lattice  mismatch.  R.A.  MacKay  [281  has  also 
showed  that  at  mismatches  of  -0.005,  refining  ■f  size  to  ~0. 1 5 pm  resulted  in  an 
improved  creep  strength  which  was  attributed  to  the  formation  of  finer  rafts  that  provides 
more  resistance  to  dislocation  motion.  However,  at  intermediate  mismatches  of —0.0038, 
coarser  7’  particles  resulted  in  an  improved  creep  properties  because  the  7'  particles  were 
aligned  and  produced  rafts  with  less  imperfections.  The  improvement  in  creep  properties 
due  to  the  formation  of  perfect  lamellar  structures  during  creep  was  also  reported  by  other 
authors  [5, 32, 33], 


Figure  1 . 1 1 Effect  of  initial  7'  size  on  rupture  time  07),  time  to  tertiary  creep  (Tr).  and 
time  to  secondary  creep  Os)  for  two  alloys  H with  high  misfit  and  F with  low 
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Figure  1.1 1 Continued. 

The  presence  of  carbides  in  the  microstructurc  of  supcralloys  affects  creep  life. 
Carbides  were  found  to  prevent  grain  boundary  migration  in  Inconel  61 7 and 
consequently  improve  the  creep  life  of  the  alloy  [34].  During  the  creep  test  of  these  alloys 
with  carbides,  it  was  found  that  carbides  diffuse  from  the  grain  boundary  where  they  are 
parallel  to  the  stress  axis  (i.e.,  under  compression)  to  grain  boundary  normal  to  stress  axis 
(under  tension).  However,  carbides  have  a detrimental  effect  on  creep  properties  of  single 
crystals.  A study  by  Nguyen  ct  al.  [35]  showed  that  the  addition  of  carbon  to  a Mar-M247 
single  crystal  alloy  resulted  in  a decreased  rupture  life.  The  addition  of  carbon  to  a single 
crystal  superalloy  results  in  the  formation  of  carbides  that  can  act  as  crack  initiation  sites. 
In  addition,  carbides  would  tend  to  lie  up  refractory  elements  such  as  tantalum  that  would 
otherwise  work  as  a solid  solution  strengthens  or  y'  former. 

Fatigue  Properties 

Although,  Ni-base  supcralloys  possess  good  static  mechanical  properties,  they  are 
limited  in  many  applications  by  their  poor  fatigue  resistance.  Generally,  the  fatigue 
strength  of  nickel-base  superalloys  is  much  lower  than  their  yield  strength.  Table  I . I 
shows  the  yield  and  fatigue  strength  of  a couple  of  nickel-base  superalloys  [36]. 


Tabic  1 .1  Yield  and  fatigue  strength  limil  for  couple  of  Ni-based  superallovs. 

Alloy  0.2%  ofTsel  yield  Faligue  Strength  Type  of  lest 

stress,  MPa 107  cycles,  MPa 

Inconel  X 841  207  Reversed  bending 

Inco  718  1000  434  Reversed  bending 

Incoloy  901  882  172  Reversed  bending 

Udimci  700  979 241 Reversed  bending 


Faligue  crack  iniliaiion  in  nickel-base  superalloys  is  mostly  associated  with  defects 
in  the  microstructure,  such  as  casting  pores  and  brittle  phases  such  as  carbides.  Generally, 
failure  of  cast  nickel  alloys  occurs  by  propagation  or  linkup  of  cracks  from  brittle 
inclusions  or  pores  at  low  temperature  and  along  grain  boundaries  at  high  temperature 

[361- 

Precracks  in  the  brittle  minor  phases  such  as  carbides,  nitrides,  sulfides  and  borides 
form  at  some  point  during  the  processing  history  of  the  material.  These  cracks  have  been 
observed  in  Mar-M200  nickel  base  superalloys  [37).  The  precracked  carbides  act  as  sites 
of  matrix  slip  at  stresses  below  general  yielding  and  sites  for  long  range  slip  at  the  onset 
of  yielding. 

Tlte  carbide  size  affects  the  fatigue  life  and  it  was  found  [37]  that  samples  with 
smaller  carbides  have  fatigue  lives  about  twice  those  having  carbide  size  in  the  larger 
range  as  shown  in  Figure  1.12. 


Figure  1.12  The  dependence  of  fatigue  life  on  total  strain  range  and  carbide  size  at  room 
temperature. 

Cracks  in  the  brittle  phases  such  as  carbides  could  also  form  by  impingement  of 
slip  bands  or  by  enough  tensile  strain  in  the  matrix.  Under  these  conditions,  cracks  in 
elongated  particles  will  form  in  the  short  dimension  and  may  be  distinguished  from 
preexisting  cracks.  Compressive  stresses  at  the  surface  of  the  component  arc  an  effective 
way  of  suppressing  crack  propagation  at  the  crack  tips. 

Porosity,  on  the  other  hand,  has  an  effect  similar  to  brittle  phases  in  initiating 
fatigue  cracks.  Porosity  is  the  main  source  of  cracks  in  single  crystal  alloys  which  do  not 
contain  carbides.  Surface  connected  pores,  however,  are  more  damaging  than  internal 
ones  because  of  either  environmental  effects  or  because  of  greater  stress  concentration  of 
surface  pores. 

Deformation  in  / strengthened  supcralloys  is  characterized  by  a planar  slip  due  to 
the  coherency  and  difficulty  of  cross  slip  of  dislocations  [ 1 ].  In  single  crystal  nickel-base 
superalloys,  fatigue  crack  initiation  commonly  occurs  as  a result  of  localized  planar 
deformation  around  casting  micropores  [38].  L.  Fritzemeier  [39]  showed  that  the  high 
cycle  fatigue  life  was  improved  with  on  increase  in  casting  thermal  gradient,  Increase  of 
thermal  gradient  results  in  a reduced  dendrite  arm  spacing  which  reduces  diffusion 


distances  and  results  in  less  segregation  of  the  alloy.  The  high  cycle  fatigue  behavior 
strength  was  further  improved  by  hot  isostatic  pressure  (HIP'ing)  of  the  alloy  whieh 
further  reduced  the  number  of  casting  pores  of  the  alloy  (Figure  1.13). 


Figure  1.13  Effect  of  high  casting  gradient  and  hipping  on  fatigue  life. 

Objectives 

Single  crystal  nickel  based  superalloys  are  needed  for  the  development  of  high 
performance  aircraft  and  power  generating  gas  turbines,  due  to  their  increased  creep 
strength  in  comparison  with  conventionally  cast  and  directionally  solidified  supcralloys. 
Industrial  gas  turbines  have  traditionally  used  turbine  blades  fabricated  from  equiaxed 
polycrystallinc  east  nickel  based  supcralloys  due  to  lower  operating  temperatures 
compared  to  aircraft  gas  turbines.  However,  the  need  to  increase  efficiency  of  industrial 
gas  turbines  requires  increasing  turbine  inlet  temperatures  and  consequently  the  use  of 
single  crystal  nickel  base  supcralloys  for  the  vanes  and  blades. 

However,  it  has  been  proven  difficult  to  avoid  casting  defects,  such  as  freckles  and 
misoriented  grains  for  large  single  crystal  components  required  for  industrial  gas 
turbines.  In  general,  the  frequency  of  freckle  formation  increases  as  the  size  of  the 
component  increases  [1 3).  Initial  results  have  indicated  that  these  types  of  casting  defects 
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[40]  can  be  reduced  by  (he  inlentionai  additions  of  carbon.  In  addition,  intentional  carbon 
additions  helps  to  reduce  the  formation  of  surface  scale  on  surfaces  of  as-cast  single 
crystal  nickel  base  superalloy  castings  [41  ]. 

The  purpose  of  this  study  is  to  further  evaluate  the  effect  of  carbon  additions  on  the 
as-cast  microstructure  of  a model  single  crystal  Ni-base  supcralloy.  The  effect  of  the 
resulting  carbides  on  the  segregation  of  the  different  elements  in  the  alloys  and  the 
formation  of  defects,  such  as  freckles,  were  evaluated.  In  addition,  the  effect  of  carbon 
addition  on  creep,  tensile,  and  high  cycle  fatigue  were  evaluated. 


CHAPTER  2 

EXPERIMENTAL  PROCEDURES 


A mode]  single  crystal  Ni-base  superalloy,  designated  LMSX-I,  was  used  in  this 
study.  This  model  alloy  is  a simplified  third  generation  single  crystal  alloy  with 
approximately  6 wt%  Re  and  is  compositionally  similar  to  CMSX-10  and  Rene'  N6.  A 
100  kg  master  heal  was  processed  at  Cannon-Muskcgon  (Muskegon,  Ml)  and  used  for  all 
of  the  alloys  utilized  in  this  work.  The  effect  of  carbon  additions  on  the  microstructure  of 
the  as-cast  single  crystal  Ni-base  supcralloys  was  evaluated  by  adding  carbon  to  the  same 
master  alloy  at  various  levels.  The  composition  of  the  master  alloy  is  shown  in  Table  2.1. 
Four  different  levels  of  carbon  additions  were  examined  in  this  study,  in  addition  to 
material  with  no  intentional  carbon  additions.  The  carbon  contents  of  the  bars  used  for  as- 
casl  analysis  are  shown  in  Table  2.2. 

Table  2.1  Master  alloy  composition  in  weighl%  - LMSX-1 

C Al  Co  Cr  Hf  Re  Ta  W Ni 

Heat  11  5.49  12.10  4.00  0.09  5.93  S.53  5.78  Balance 

Table  2.2  Composition  of  alloys  used  in  the  tests __ 

Bar#  weight%  carbon  Length  Size 

397 
412 
382 
340 
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Note  that  two  heats  of  the  master  alloy  without  any  carbon  additions  were 
processed,  and  are  considered  the  baseline  alloy  for  this  study.  Each  alloy  utilized  an 
approximately  12  Kg  charge  weight  of  the  same  master  alloy  (LMSX-I ) w ith  carbon 
additions  made  just  prior  to  pouring.  Single  crystals  of  each  alloy  were  produced  in  an 
investment  casting  cluster  mold  of  fourteen  (14)  25  cm  long  bars  with  various  diameters 
at  PCC  Airfoils  (Minerva,  OH).  Each  mold  hod  one  (I)  castability  sample  and  six  (6) 

1 .27  cm  diameter,  four  (4)  1 .59  cm  diameter  and  three  (3)  1 .91  cm  diameter  bars.  The 
castability  sample  was  intended  to  determine  if  the  compositions  were  prone  to 
solidilication  defects  and  had  a diameter  that  alternated  between  1 .27  cm  and  2.54  cm 
every  2.54  cm  of  length  of  the  bar.  The  single  crystals  were  cast  in  the  <001>  orientation 
using  standard  selectors  and  high  gradient  processing  techniques  in  a Bridgeman-type 
withdrawal  furnace.  The  thermal  gradient  during  processing  was  estimated  to  be  about 
30  to  40°C/cm  and  a constant  withdrawal  rate  of  20cm/hr  was  utilized.  The  orientation 
of  each  single  crystal  sample  was  determined  by  Laue  back -reflection  techniques.  Any 
sample  with  a misorienlation  of  greater  than  12°,  was  considered  defective  and  was  not 
utilized  in  this  study.  After  grain  etching  at  PCC  Airfoils,  the  samples  were  also 
evaluated  for  costing  defects  such  as  high  angle  boundaries  (HAB's),  low  angle 
boundaries  (LAB's),  slivers,  freckles  and  multiple  grain  starts  at  the  selector  (multi- 
starts).  Approximately  2.5cm  long  samples  were  sectioned  from  the  bars  by  an  abrasive 
cut-off  wheel  and  used  for  microstructura!  characterization. 

Characterization  Techniques 

This  section  will  describe  the  characicrizatton  techniques  used  throughout  the  work 
of  this  study.  A brief  discussion  about  each  instrument  will  be  presented.  First,  an  optical 


microscope  was  used  to  characterize  samples  in  as-cast  condition  and  after  heat 
treatment.  It  was  also  used  to  characterize  fractured  surfaces  to  identify  crack  initiation 
sites  and  sources  of  failure. 

Scanning  electron  microscopy  was  used  to  characterize  the  samples  as  well.  The 
type  of  SEM  used  is  SEM  JSM  6400  and  was  used  at  an  accelerating  voltage  of  15  KV. 
There  were  two  imaging  modes  that  were  used  in  the  SEM,  namely,  secondary  electron 
mode  and  backscattercd  mode.  Secondary  electron  mode  was  used  for  fractography  and 
analysis  of  topographical  features.  Backscattered  imaging  used  to  detect  compositional 
contrast,  for  example,  carbide  phase  appears  bright  in  backscattered  mode  because  of  the 
high  Ta  concentrations. 

Electron  microprobe  (JEOL  733)  was  also  used  in  this  study  to  quantitatively 
identify  compositions  and  characterize  segregations  in  the  as-cast  alloy.  The  microprobe 
was  equipped  with  wavelength  dispersive  spectrometer  (WDS)  system  which  provides 
better  quantitative  analyses  of  the  elements.  The  microprobe  beam  size  is  0.5-1 .0  pm  and 
the  beam  voltage  used  was  12  KV, 

Transmission  electron  microscopy  (TEM)  was  used  to  identify  orientation 
relationship  between  phases  and  to  measure  lattice  parameters  of  different  phases.  A 
JOEL  200CX  was  used  to  do  the  TEM  investigation.  Sample  preparations  for  TEM  work 
involve  several  steps.  First  a 600  pm  thick  sample  was  cut  using  an  Electro  Discharge 
Machine  (EDM).  Then  the  samples  were  ground  using  240, 300, 400,  and  600  silicon 
carbide  paper  to  a thickness  of -10  pm.  After  that,  a 3mm  disks  were  punched  from  the 
sample.  These  3mm  disks  were  further  polished  on  800  grit  silicon  carbide  papers.  These 
samples  were  then  electropolished  under  I Ampere  current  and  20  Volts  DC  with  a 


solution  temperature  of  -30  °C.  The  solution  used  for  electropolishing  was  10% 
Perchloric  Acid.  20%  Glycerin,  and  70%  Methanol  and  was  cooled  using  liquid  nitrogen. 
Electropolishing  was  continued  until  a hole  in  the  specimen  was  found.  After  that,  the 
samples  were  left  in  a methanol  bath  for  30  minutes  and  then  they  were  dried  using 
Kimberly-Clark  papers. 

As-Cast  Analysis 

Samples  of  as-cast  alloy  were  prepared  for  optical  and  SEM  by  cutting  cross- 
sections  from  the  single  crystal  bars  using  an  EDM.  They  were  then  mounted  in  bakclite 
and  were  ground  using  240, 320, 400,  and  600  silicon  carbide  grit  papers.  After  that,  they 
were  polished  using  colloidal  alumina  of  15, 5, 1,  and  0.3  pm  sines  respectively.  The 
samples  were  then  etched  with  the  Pratt  and  Whitney  Etch  # 1 7 ( 1 00  ml  HaO  + 1 00  ml 
HCI  + 100  ml  HNOj  + 3 g MoOj)  which  dissolves  the precipitates.  Samples  were 
examined  in  both  un-etched  and  etched  conditions.  Etched  samples  were  used  for  optical 
and  SEM  investigation  and  un-etched  samples  were  used  for  compositional  analysis  on 
the  microprobc. 

In  order  to  reveal  the  carbide  morphology,  a deep  etching  of  the  samples  was 
performed  using  70%  HCI  and  30%  HaOa  solution.  First,  the  sample  was  mounted  and 
ground  using  240, 320, 400,  and  600  grit  papers.  Then  the  solution  was  prepared  by 
adding  the  30%  peroxide  to  the  70%  HCI  in  a beaker.  The  sample  was  then  immersed  in 
the  solution.  The  sample  was  left  in  solution  until  the  bubbling  was  over.  After  that,  the 
sample  was  washed  using  acetone  and  then  air-dried.  The  solution  deeply  removes  the  y 
matrix  and  the  Y phase  and,  as  a result,  the  carbide's  morphology  is  revealed.  These 
samples  were  analyzed  using  SEM.  Stereo  image  pairs  were  taken  in  order  to  visualize  a 
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three  dimensional  image  of  the  carbides.  Each  image  pair  was  taken  at  +7°  and  -7°  tilt  on 
theSEM. 

The  y volume  fraction  was  measured  using  a point  counting  technique.  A grid  of 
l27mmX  127  mm  (5"  X 5")  was  used  with  26  by  26  divisions  making  a total  of  676 
points.  The  point  counting  was  performed  on  8 fields  at  a magnification  of  8000X.  y'  size 
was  determined  using  the  mean  linear  intercept  method.  In  this  method,  the  number  of 
intersection  ofy  with  multiple  lines  were  counted  and  the  size  was  calculated  as  follows: 

Pi.  = Number  of  intersections  per  line  length. 

S,  = 2 * Pl 
X = 4Vv/Sv 

where  S,  is  surface  area  per  unit  volume,  V,  the  volume  fraction,  and  X the  mean  linear 
intercept,  in  this  case  it  represents  the  y'  size.  The  line  intersection  count  was  made  on  a 
total  of  26  lines  (127  mm  length)  at  a magnification  of  X8000  and  was  performed  on  8 
fields  per  sample. 

Porosity  volume  fraction  was  also  measured  using  the  point  count  technique.  The 
counting  was  made  on  SEM  back  scattered  images.  A grid  of  1230  points  (4”  X 3")  was 
used  on  X50  magnification  images.  The  measurements  were  performed  on  three  fields 
per  sample.  The  same  grid  was  also  used  for  measuring  the  volume  fraction  of  carbides 
but  the  magnification  used  was  X2000. 

Segregation  Analysis 

The  compositions  of  various  constituents  and  phases,  as  well  as  the  microstructuml 
features  such  as  the  carbides  were  determined  by  microprobe  techniques  on  polished  and 
un-etched  samples.  Two  techniques  were  used  to  characterize  the  segregation  behavior  of 


alloying  elements  on  the  different  corbon-lcvcl  samples.  The  first  technique  ' 


examine  the  composition  of  each  clement  at  the  dendrite  core  and  at  the  interdendritic 
region.  The  composition  of  at  least  three  dendrite  cores  and  three  interdendritic  regions 
were  performed.  The  effective  partition  coefficient  (If)  was  then  determined  as  follows: 

If  = wcight%  at  the  core  / weight%  in  the  interdendritic  region 
The  second  technique  was  to  perform  a line  scan  for  each  clement  in  all  the  five 
samples  containing  different  carbon  contents.  This  technique  provides  more  accurate 
results  over  point  counting  because  it  averages  several  points  compared  to  single  point 
measurements.  In  this  technique,  the  lines  run  from  one  comer  of  the  dendrite  through  the 
dendrite  core  and  ends  at  the  other  comer  of  the  dendrite.  The  result  is  plotted  as 
%wcight  composition  versus  distance  across  the  line.  The  curve  will  have  a maximum  or 
minimum  value  for  each  clement  depending  on  the  element's  segregation  behavior.  After 
that,  the  partitioning  coefficient  (K)  is  determined  by  dividing  the  maximum  or  minimum 
weight%  of  to  the  nominal  weight  composition  of  each  element. 

Differential  Thermal  Analysis 

Differential  thermal  analysis  (DTA)  was  performed  on  all  samples  with  varying 
carbon  contents  to  determine  the  solidus,  liquidus  and  carbide  dissolution  temperatures. 
Samples  of  both  the  as-cast  condition  and  affer  a solution  heat  treatment  were  evaluated. 
Temperatures  detennined  from  as-cast  conditions  were  used  to  design  the  heat  treatment 
for  the  alloys.  DTA  on  heat  treated  samples  were  used  to  find  out  the  effect  of  carbon 
additions  on  -f  solvus,  solidus,  liquidus  and  carbide  solvus  temperatures.  Prior  to  testing 
the  samples,  the  DTA  unit  was  calibrated  with  high  purity  Ni  at  a scan  rale  of  20°C/min. 
Due  to  the  severe  segregation  that  occurs  during  solidification,  cylindrical  samples  of  a 
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size  of  al  Icasi  i 50mg  were  used  for  the  DTA  analysis.  Data  was  only  acquired  during  the 
heating  cycle  of  the  DTA  test  in  order  to  avoid  the  effects  of  super-cooling.  All  of  the 
DTA  samples  were  heated  at  a constant  rate  of  20  °C/min.  During  DTA  test,  the 
temperatures  difference  between  the  sample  tested  and  the  reference  sample  were 
recorded.  The  DTA  results  were  then  plotted  as  temperature  difference  (AT)  and  the 
derivative  of  AT  versus  temperature.  The  different  reaction  temperatures  were  identified 
when  the  temperature  difference  (AT)  curve  encounters  an  inflection  point  indicating  a 
phase  reaction. 

Heat  Treatments 

Solution  Heat  Treatment 

Since  the  alloy  was  a model  alloy,  no  standard  heat  treatment  was  established  yet. 
However,  since  this  model  alloy  is  a modification  ofCMSX-lOand  RcncN6,  the 
standard  solution  heat  treatment  of  these  commercial  alloys  were  used  as  a first  trial  (42]. 
The  maximum  solution  temperature  was  adjusted  according  to  the  DTA  results  to  prevent 
incipient  melting. 

The  heat  treatment  trials  were  conducted  in  a tube  furnace.  The  temperature  was 
monitored  and  controlled  by  type-R  thermocouples  that  were  positioned  near  the  middle 
of  the  furnace.  Another  two  type-R  thermocouples  were  inserted  inside  the  tube  furnace 
next  to  the  sample  and  were  used  to  record  the  temperature  readings  during  all  heat 
treatments.  Prior  to  using  the  tube  furnace,  the  furnace  was  mapped  at  a temperature  of 
1330  "C  in  order  to  determine  the  hot  zone  length  and  position.  The  hot  zone  area  which 
had  a temperature  variation  of  ±5  °C  was  determined  to  be  around  5 cm. 
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Because  of  the  severe  oxidation  of  samples  at  high  temperature,  samples  were 
encapsulated  in  an  Argon  environment  inside  a quartz  tube.  First  the  tube  was  closed 
from  one  end  using  an  Oxygen-Hydrogen  torch.  The  samples  were  then  inserted  inside 
the  tube  and  the  air  was  evacuated  from  the  other  end  using  a suction  compressor  to  a 
pressure  of  10*3  torn  After  that,  the  argon  valve  is  opened  to  fill  the  quartz  lube.  This 
operation  was  repeated  5 to  7 times  in  order  to  make  sure  that  the  oxygen  was  completely 
removed  from  the  tube.  The  pressure  inside  the  tube  was  maintained  at  -95  KPa  in  order 
to  avoid  tube  explosion  during  heat  treatments  due  to  overpressure  of  the  argon.  This 
value  was  calculated  based  on  the  maximum  solution  temperature  used  < 1 330  °C)  using 
the  ideal  gas  law  as  follows: 

1.  T,  =25  “C,  Pi  = ? 

2.  T2  = 1330  °C,  Pi  = I atm  = 101  KPa 

3.  P,  = P;  • T|/Ta  = 101  * (25+273)/( 1 330+273)  = 19  KPa 

Since  the  reading  on  the  gage  is  relative  to  the  atmospheric  pressure,  the  required 
pressure  inside  the  tube  would  be  -82  KPa.  A pressure  of  -95  KPa  was  used  though  for 

As  a starting  point  for  heat  treatment,  the  standard  heat  treatment  for  CMSX- 1 0 
alloy  was  used.  The  maximum  temperature  was  modified,  though,  to  match  the  solidus 
temperature  obtained  from  DTA.  After  each  heat  treatment  trial,  the  samples  were 
ground,  polished  and  etched  using  the  Pratt  and  Whitney  Etch  H 17  and  then  they  were 
examined  optically  and  on  microprobe  for  segregation  analysis.  In  optical  microscope, 
the  dendritic  structure  disappeared  as  the  microstructure  got  homogenized.  Microprobe 
provides  a quantitative  analysis  of  the  segregation  of  each  element.  The  heat  treatment 


trials  were  modified  and  repealed  until  Ihe  optimum  heal  treatmenl  was  reached  (Table 
2,3).  Once  Ihe  optimum  heal  treatment  was  obtained,  thirty  (30)  bars  were  sent  out  to 
Howmct  Research  Corporation  for  solution  heat  treatment.  The  heat  treatment  was 
conducted  in  a partial  pressure  of  argon  and  the  solution  heat  treatment  tolerance  aim  was 
+0,  -5°C.  The  temperatures  were  recorded  using  three  type-K  thermocouples  placed  in 


the  front,  middle  and  back  of  the  load.  In  addition,  a typc-R  thermocouple  was  placed  in 
the  center  of  the  load  next  to  the  type-K  thermocouple. 


Gas  Furnace  Cool 


Aging  Heat  Treatment 

Once  the  solution  heat  treated  bars  were  received,  aging  heat  treatment  trials  were 
conducted  in  box  furnaces  in  order  to  get  the  optimum  Y size  of  the  alloy.  Initially,  the 
standard  aging  heat  treatment  for  commercial  alloys  was  used  for  the  model  alloy  LMSX- 
1.  Three  aging  heat  treatments  were  performed  and  witness  samples  were  taken  from 
each  stage  for  analysis.  Trials  on  the  first  aging  heat  treatment  were  conducted  in  order  to 
get  the  optimum  Y size  (-0. 3-0.5  pm).  The  samples  were  held  at  1150  °C  for  different 
times,  namely.  1. 4,  and  6 hours  and  then  air  cooled.  The  6 hour  hold  produced  a 
spherical  y in  the  high  carbon  level  samples  and  was,  therefore,  rejected.  The  4 hour 


aging  heal  ireatmenl  produced  Ihe  optimum  y1  size  in  all  samples  containing  varying 


carbon  levels  and  was.  therefore,  selected.  The  second  aging  heat  treatment  was  ot  870  °C 
for  24  hours  followed  by  air  cooling  and  the  third  stage  heat  treatment  was  at  760  °C  for 
30  hours  followed  by  air  cooling.  During  each  aging  stage,  the  furnace  is  heated  to  the 
required  temperature  and  then  the  bars  were  loaded.  The  other  aging  heal  treatments 
precipitated  finer  y'  particles  between  the  larger  y*  particles  formed  on  the  first  stage  heat 

Exposure 

Fifteen  (15)  out  of  thirty  (30)  bars  were  used  for  stability  testing  of  the  alloy.  The 
fifteen  bars  were  exposed  at  1000  °C  for  1000  hours  in  a box  furnace  as  shown  in  Figure 
2.1.  Table  2.4  shows  Ihe  bar  diameters  and  lengths  for  the  exposed  and  non*exposcd 
samples.  Large  diameter  bars  were  used  for  exposure  in  order  to  be  able  to  remove  oxides 
and  scale  from  the  bars  before  cutting  samples  for  mechanical  testing. 


Figure  2.1  Samples  being  removed  from  the  box  furnace  after  exposure  of  1000  hours  at 
1000  “C. 
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Table  2.4  Exposed  and  non-exposed  bars  diameters  and  lengths 

Sample  Length  Diameter  cm-  Non- 

_# (cm) (in) exposed  Exposed 

0.00  %C 

327  24  1.27(0.5")  V 

330  24.5  1.25(0.49")  V 

331  23.8  1.27(0.5")  V 

355  24.1  1.27(0.5")  V 

360  24.3  1.6(0.625")  V 

361  24,5  1.6(0.625") V 

0.01  %C 

396  23.5  1.27(0.5”)  V 

400  24.2  1.27(0.5")  V 

401  24  127(0.5")  V 

403  24.3  1.6(0.625")  -/ 

404  24  1.6(0.625")  'I 

408  24.75  1.9(0.75") V 

0.05  %C 

411  23.5  1-27(0.5")  V 

415  23.9  127(0.5”)  V 

417  23.9  1.6(0.625")  V 

418  24  1.6(0.625")  V 

419  24.4  1.6(0.625")  V 

422  22.8  1.9(0.75") V 

0.10  %C 

383  24.1  127(0.5")  'I 

385  24.2  1 27(0.5")  V 

386  24.6  1.27(0.5")  V 

387  23.5  1.27(0.5")  V 

388  24.3  1.6(0.625")  V 

389  24.6  1-6(0.625") V 

0.15  %C 

341  24.1  127(0.5”)  V 

343  23.8  1 27(0.5”)  V 

344  23.4  1.27(0.5”)  V 

346  24.3  1.6(0.625")  'I 

348  24.5  1.6(0.625")  ^ 

349  24.4  1.6(0.625") V 


Mechanical  Testing 


Samples  Machining 

The  solution  heat  treated  and  the  exposed  bars  (total  of  30  bars)  were  sent  to  Joliet 
Metallurgical  Labs.  Inc.  Ibr  machining.  From  each  of  these  bars,  two  (2)  "standard”  creep 
rupture  samples  (according  to  Figure  2.2  and  item  I in  Table  2.5)  and  one  (1)  creep 
rupture  sample  with  a shortened  gage  section  (according  to  Figure  2.2  and  item  2 in  Table 
2.5)  were  machined.  A total  of  sixty  (60)  standard  creep  rupture  samples  were  machined 
and  used  for  creep  and  tensile  testing  and  a total  of  thirty  (30)  of  shortened  gage  sections 
samples  were  machined  and  were  used  for  fatigue  testing.  Tensile  and  creep  samples  had 
a diameter  of0.178±0.001  inches  and  a gage  length  of  l.025±0.015  inches.  Fatigue 
samples  had  the  same  diameter  but  a gage  length  of  0.525±0.015  inches.  Sample 
identities  were  maintained  by  vibra-looling  both  ends  of  sample  and  tagging/bagging 
individual  samples. 

Table  2.5  Dimension  list  for  Figure  2.2 

Item  Dimension  A Dimension  B Dimension  C Gage  Section 

Jin) (in) (in) Polish 

1 0.540  1.040  3.100  Longitudinal 

0.500  1.010  3.060 

2 0.S40  0.540  2.600  Longitudinal 

0.500 0,510 2.560 


:S  • If 


As  shown  in  Tabic  2.6,  tensile  tests  were  performed  at  room  temperature  and  at 


950°C.  The  tests  were  conducted  using  a Satec  Servo-Hydraulic  Tensile  Machine,  Instron 
8800,  with  a strain  rate  of  0.1  in/min.  The  tensile  machine  is  connected  to  a computer 
with  Instron  Merlin  software,  which  was  used  to  control  the  test  and  stored  data.  The 
software  recoids  the  load  and  displacement  as  the  test  was  performed.  The  data  was  then 
exported  and  manipulated  on  Microsoft  Excel  to  get  the  required  results.  For  high 
temperature  tests,  a furnace  attached  to  the  test  machine  was  used  to  heat  the  samples  to 
the  required  temperature.  The  furnace  was  connected  to  a controller  where  the 
temperature  was  controlled  via  a type-K  thermocouple  that  was  attached  to  the  sample's 
gage  section.  Another  typc-K  thermocouple  attached  to  the  samples  gage  section  was 
used  to  ensure  the  accuracy  of  thermocouple  readings.  Before  the  test,  the  sample 
diameter  and  length  were  measured  and  the  sample  was  fitted  into  the  extensometer 
frame  using  knife  edges.  Two  type-K  thermocouples  were  then  attached  to  the  gage 
section  of  the  sample  for  high  temperature  tests.  During  high  temperature  tests,  the 
furnace  was  then  closed  around  the  sample  and  a tensile  load  of  0.05  Kips  was  applied  to 
the  sample  during  healing.  This  small  tensile  load  prevents  the  sample  from  going  into 
compression  during  healing  due  to  thermal  expansion  of  the  sample  and  the  fixtures. 
Once  the  required  temperature  was  reached,  the  sample  was  held  for  15  minutes  to 
homogenize  and  equilibrate  the  temperature. 

High  cycle  fatigue  utilized  the  same  servo-hydraulic  machine  hut  uses  different 
software  (Fast  Track)  for  controlling  the  fatigue  test  All  tests  were  performed  at  850  °C 
in  air  in  a tension-tension  wave  form.  First,  the  sample  was  inserted  into  the  machine  and 
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healed  lo  the  required  temperature  similar  to  tensile  testing.  After  that,  the  required  mean 
stress  was  applied  to  the  sample.  Then  the  stress  range,  wave  form,  and  frequency  were 
input  into  the  controller.  The  test  was  then  started  and  the  number  of  cycles  was  recorded 
by  the  software.  Interlocks  which  will  stop  the  tests  were  engaged  before  the  start  of  the 
test  so  that  once  the  load  reaches  specified  minimum  or  maximum  values  the  lest  would 
be  stopped  automatically.  The  fatigue  testing  conditions  used  for  all  samples  arc  shown  in 
Table  2.7. 

Table  2.7  Fatigue  testing  conditions 

Temperature  850  °C 

Stress  Range  Act  (MPa)  *90 

Stress  Ratio  R 0.1 

Waveform  Triangular 

Frequency 20  Hz 

Creep  tests  were  conducted  on  Model  M3  Creep/Stress  Rupture  machines  with 
NuVision  Mentor  Control  System.  The  tests  were  conducted  in  air  at  950  °C  and  a 310 
MPa.  Tile  heating  of  the  samples  was  done  via  a three-zone  furnace  which  was 
completely  controlled  and  monitored  using  the  NuVision  Mentor  Software.  The  sample 
temperature  was  measured  using  three  type-K  thermocouples  that  were  attached  to  the 
sample  gage  section  and  controlled  within  ±5  °F.  Creep  strain  was  measured  using  linear 
variable  differential  transformers  in  conjunction  with  extensometer  frame  attached  to  the 
sample.  The  time  and  creep  strain  data  were  recorded  every  12  seconds  by  the  Mentor 
software.  Time  and  creep  data  were  then  exported  and  manipulated  using  Microsoft 
Excel  to  get  the  required  results. 


CHAPTER  3 
RESULTS 

Characterization  of  As-Cast  Structure 

Microstructurc 

Because  of  the  complex  chemical  composition  of  single  crystal  nickel  based 
superalloys,  these  alloys  are  prone  to  severe  segregation  during  solidification.  The  model 
alloy,  LMSX I , used  in  this  study  has  a number  of  different  elements  which  segregate 
during  solidification  either  to  the  dendrite  core  or  to  the  inlcrdendritic  regions.  As 
mentioned  previously,  alloys  with  varying  carbon  content  hove  been  used  in  order  to 
evaluate  the  effects  of  carbon  on  the  mechanical  and  structural  properties  of  this  model 
single  crystal  nickel  base  superalloy.  Figure  3.1  shows  optical  micrographs  of  the  model 
alloy  LMSX-1  for  all  of  the  different  carbon  additions  investigated  in  this  study.  These 
samples  were  sectioned  normal  to  the  solidification  direction  and  show  a typical  dendritic 
nickel  base  superalloy  solidilication  microstructure.  The  microstructure  contains 
dendrites  composed  of  gamma  matrix  (7)  and  a gamma  prime  (Y)  intcrmctallic  phase. 
These  dendrites  are  the  first  solid  that  forms  during  solidification.  The  y-phase  forms  first 
and  the  Y precipitates  from  the  y solid  solution  during  subsequent  cooling.  In  addition, 
the  structure  contains  white  pools  ofy/  y*  eutectic  in  the  interdendritic  region  and  is  the 
last  material  to  solidify. 

For  alloys  containing  carbon  additions,  a carbide  phase  precipitated  in  the 


interdendritic  region.  The  volume  fraction  of  the  carbides  was  observed  to  in 


dramatically  with  increasing  carbon  content.  These  carbides  formed  a dendrite  like 


network  that  ran  parallel  to  the  dendrites  of  the  matrix  phase. 


Figure  3.1  Optical  micrographs  of  a transverse  section  of  as-cast  and  etched  LMSX-1 
samples  with  varying  carbon  content.  Magnification  50X. 

The  optical  micrographs  of  Figure  3.1 . also  show  that  the  amount  of  eutectic  y/  '( 


phase  decreased  as  the  carbon  content  increased  in  the  microstructure.  Table  3.1  lists  the 
volume  fraction  of  the  yl  f eutectic  phase  with  different  carbon  additions.  Note  that  the 


volume  fraction  of  the  yfy'  eutectic  regions  decreased  with  increasing  carbon  content  and 


decreased  to  essentially  zero  at  carbon  levels  of 0.050  wcighl%  and  above.  In  addition, 
there  was  a high  level  of  solidification  porosity  in  the  model  alloy  used  in  this  study  and 
the  volume  fraction  of  these  porosity  generally  increased  with  carbon  addition.  However, 
it  was  very  difficult  to  measure  the  porosity  volume  fraction  because  of  the  dispersed 
distribution  of  these  pores. 


Table  3. 1 Volume  fraction  y/y'  for  different  carbon  additions  of  the  LMSX-I  model  alloy. 
% Carbon  Volume  fraction  ylf  Porosity  volume  fraction 


0.10 

0.15 


8.33  0.004±0.001 

6.17  0.012+0.002 

0.28  0.009±0.004 

0.0  0.01210.002 

0.0  0.00710.001 


The  primary  and  secondary  dendrite  arm  spacing  of  the  as-cast  alloy  for  different 
carbon  additions  were  measured  on  longitudinal  sections  and  the  results  are  shown  in 
Figure  3.2.  This  figure  clearly  illustrates  that  the  addition  of  carbon  does  not  significantly 
alter  the  primary  and  the  secondary  dendrite  arm  spacing.  Micrographs  showed  the 
presence  of  some  tertiary  arms,  in  some  alloys;  however,  the  tertiary  dendrite  arm 


:ing  was  also  unaffected  by  carbon  additions. 
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Figure  3.3  Number  of  defects  of  as-cast  LMSX-1  alloy  versus  carbon  content. 

As  shown  in  Figure  3.3,  the  number  of  overall  defects  is  observed  to  decrease  with 
increasing  carbon  content  as  shown.  No  evidence  of  freckles  was  observed  in  any  of  the 
alloys  and  only  a few  instances  of  high  angle  boundaries  (HAB’s),  misorientation  and 
multiple  grains  emanating  from  the  selector  (multi-starts)  occurred.  The  most  common 
defects  were  low  angle  boundaries  (LAB’s)  and  slivers.  In  general,  very  similar  types 
and  numbers  of  defects  were  observed  in  the  two  molds  of  the  master  alloy  without 
carbon  additions.  Both  molds  of  the  master  alloy  (baseline)  contained  significant 
numbers  of  LAB'S  and  slivers.  The  addition  of  0.01  wcight%  carbon  resulted  in  a 
significant  reduction  in  the  number  of  slivers. 


Table  3.2  Solidification  defects  observed  in  the  as-cast  alloy  of  LMSX- 1 (Each  mold 
) "castability"  sample  with  varying  cross-section  along  the 
length  of  the  single  crystal  and  six  (6)  1 .27cm  diameter,  four  (4)  1 .59cm 
diameter  and  three  (3)  l.91om  diameter  bats). 


Content  (cm) 
(wt%) 


Edification  Defects 


■ Freckle  Orientation  Multi- 


0/3  2/3  0/3 


0/3  2/3  0/3 


0/6  1/6  0/6  0/6 


Castability  0/ 


The  lowest  level  of  carbon  additions,  though,  did  not  appear  to  have  any  significant 
impact  on  the  number  of  LAB's,  misorientation  or  multi-start  defects.  A slight  increase 
in  the  number  of  H AB's  was  noted.  However,  only  one  mold  was  processed  for  this 


alloy,  so  it  is  difficult  to  determine  if  this  increase  is  due  to  hcat-to-hcat  variations  or  is 
due  to  the  carbon  addition.  Increasing  the  carbon  further  to  0.050  wt%,  resulted  in  the 
complete  elimination  of  the  formation  of  slivers.  Although  only  a few  instances  of 
misoricntation  and  multi-start  defects  were  observed  in  tile  baseline  alloy  and  the  0.010 
wt%  carbon  alloy,  no  evidence  of  these  defects  was  observed  in  the  0.050  wi%  carbon 
alloy.  The  number  of  LAB's  did  not  appear  to  be  reduced  by  the  carbon  addition  in  this 
alloy,  and  the  number  of  HAB’s  was  observed  to  increase  in  the  0.050  weight%  carbon 
alloy.  The  addition  of  0. 1 0 weighl%  carbon  to  the  baseline  alloy,  resulted  in  a nearly 
complete  elimination  of  all  defects.  Only  one  LAB  was  observed  in  one  sample  in  this 
alloy.  Further  increasing  the  carbon  addition  to  0.1 50  wcight%  resulted  in  a slight 
increase  in  the  number  of  slivers,  while  the  number  of  LAB's  remained  unchanged.  In 
general,  when  considering  the  number  of  defects  that  occurred  in  the  bars  on  the  basis  of 
percentages,  the  percentage  of  the  bars  with  defects  were  observed  to  increase  with 
increasing  bar  diameter.  In  actual  numbers  of  defects,  greater  numbers  of  defects  were 
observed  in  the  smaller  diameter  bars  than  the  larger  diameter  samples.  However,  this 
difference  may  be  due  to  the  larger  number  of  small  diameter  bars  processed  rather  than  a 
true  effect  of  the  bar  size  on  solidification  defects.  The  effectiveness  of  the  carbon 
additions  to  reduce  defects  appeared  to  be  greater  in  the  larger  diameter  bars,  since  the 
number  of  defects  in  the  larger  diameter  samples  decreased  with  increasing  carbon 
content  more  rapidly  than  the  samples  with  small  diameters. 

Although  no  freckles  were  formed  in  these  alloys,  a different  study  by  Tin[43] 
showed  that  freckle  formation  does  decrease  with  increasing  carbon  content  in  single 
crystal  nickel  base  superalloys.  According  to  Tin  [43],  the  carbon  addition  alters  the 


segregation  behavior  of  alloying  elements  and  results  in  reduced  segregation-  As  a result, 
the  driving  force  for  liquid  circulation  during  casting  in  the  mushy  zone  is  suppressed 
and,  consequently,  the  freckle  formation  is  reduced. 

In  order  to  examine  the  segregation  behavior  of  different  alloying  elements,  two 
methods  have  been  used  to  measure  the  partitioning  coefficient  of  LMSX-1  model  alloy 
both  utilizing  the  microprobc  technique  on  polished  and  un-etched  samples.  The  results 
of  the  discrete  point  counting  technique  are  shown  in  Figure  3.4  for  each  clement  against 
carbon  level  in  the  alloy.  The  graph  shows  that  elements  such  as  rhenium,  tungsten, 
cobalt,  and  chromium  segregate  to  the  dendrite  core  and  elements  such  as  tantalum, 
aluminum,  and  nickel  segregate  to  the  imerdendritic  region.  Note  that,  apart  from 
rhenium,  the  effective  partitioning  coefficient  of  the  elements  does  not  change  with 
addition  of  carbon  to  the  alloy.  In  addition,  rhenium  segregates  more  strongly  to  the 
dendrite  core  than  does  tungsten  and  other  elements  which  demonstrate  similar 
segregation  behavior.  On  the  other  hand,  tantalum  segregates  more  strongly  to  the 
imerdendritic  region  than  docs  aluminum. 

The  other  technique  that  was  used  to  measure  the  partitioning  coefficient  is  the  line 
scan  for  each  element  in  all  the  five  samples  containing  different  carbon  content.  A total 
of41  points  per  line  scan  with  3 pm  distance  apart  between  the  points  was  measured.  The 
line  scan  runs  from  one  comer  of  the  dendrite  through  the  core  to  the  other  comer  of  the 
dendrite.  The  result  will  be  a curve  with  minimum  or  maximum  depending  on  the 
segregation  behavior  of  the  element.  The  line  scan  results  for  tantalum  only  are  shown  in 
Figure  3.5  where  the  concentration  of  Ta  is  minimum  at  the  dendrite  core.  A complete 
line  scan  results  for  all  other  elements  are  shown  in  Appendix  A.  For  each  of  the 
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Figure  3.5  Microprobe  line  scan  measurements  of  tantalum  for  0.0,0.01 ,0.05,0.10,  and 
0.15  weighl%  carbon  respectively.  Dendrite  core  is  in  the  middle  of  the  line 
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Figure  3.5  Continued. 


Figure  3.6  Partitioning  coefficient  for  each  cicment  in  LMSX-  ] alloy  as  a function  of 
carbon  content  as  determined  by  line  scanning  technique. 


Carbides 


With  the  addition  of  carbon  lo  Ihe  alloy,  MC-lype  carbide  forms  in  Ihe 
imcrdcndriric  region.  The  carbides  were  observed  when  adding  0.01  wcighl%  carbon  lo 
the  alloy  and  their  volume  fraction  increased  dramatically  as  the  carbon  level  was 
increased  (Table  3.3).  SEM  micrographs  of  etched,  as-cast  samples  of  0.00  and  0. 1 0 
weight%  carbon  are  shown  in  Figure  3.7.  These  samples  were  sectioned  normal  to  the 
dendrite  growth  direction.  The  micrograph  of  the  0.00  wcight%  carbon  shows  large  pools 
ofy  y eutectic.  On  the  other  hand,  Ihe  0.10  weight%  carbon  shows  a carbide  network 
that  is  growing  in  a “dendritic"  fashion  in  the  inlerdendritic  region  of  the  microstructure. 
Table  3.3  Volume  fraction  of  carbides  in  the  as-cast  structure 


% Carbon  level 


0.01 


0.03±0.03 

0.08±0.04 


Figure  3.7  SEM  micrographs  of  etched  samples  of  LMSX-I  alloy  (a)  0.00  weighl% 
carbon  (b)  0. 1 0 weight%  carbon. 
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In  order  lo  observe  ihe  carbides  more  clearly,  a cross-seclion  of  the  sample  normal 
to  die  solidification  direction  was  polished  but  not  etched  and  backscatlered  images  of 
this  surface  are  shown  in  Figure  3.8.  These  micrographs  indicate  that  the  carbide  network 
occupies  most  of  the  interdcndritic  area.  There  appears  to  be  an  orientation  relationship 
between  the  carbide  network  and  the  dendrite  matrix  where  carbides  run  parallel  to  the  y 


matrix  dendrite  arms. 


Figure  3.8  Backscatlered  images  of  0. 1 5%C  samples  (unetched)  showing  the  carbides  in 
the  interdcndritic  region.  (a)X54.  (b)  X300. 

In  order  to  reveal  the  carbide  morphology  in  the  alloy,  cross  sectional  samples  of 
the  high  carbon  alloy  (0. 1 5 wt%  carbon)  were  deeply  etched.  Deep  etching  attacks  the 
y/  y phase  and  leaves  Ihe  carbides  phase  intact.  Figure  3.9  shows  SEM  images  of  a 
deeply  etched  0.1 5 weight?*  carbon  sample.  The  deeply  etched  sample  shows  different 
types  of  carbides  morphologies.  The  first  type  is  a script  like  morphology,  which  starts  to 
grow  from  the  center  in  a cubic  dendrite  shape.  From  each  of  these  arms,  the  carbides 
start  to  grow  at  a 90  degree  angle,  in  a sheet-like  morphology,  which  then  separate  into  a 
rod-like  structure.  This  type  of  morphology  constitutes  most  of  the  carbides  found  in 
these  samples. 

The  other  type  of  morphology  found  in  this  sample  is  the  blocky  (faceted)  carbides 
which  are  believed  to  grow  from  the  melt  [9].  The  octahedron  carbide  shape  with  (111) 


i is  the  equilibrium  shape  due  to  the  minimum  interfacial  energy  that  forms  with  the 


A longitudinal  section  of  a high  carbon  level  alloy  was  cut  parallel  to  the  growth 

carbides  were  observed  to  be  continuous  and  to  run  parallel  to  the  primary'  and  secondary 

observed  on  the  transverse  section  of  the  alloy. 


Ta,  C,  W,  Ni,  and  some  traces  of  Co  and  Cr.  The  main  elements  are  Ta  and  carbon,  as 
viewed  in  terms  of  atomic  percent.  This  suggests  that  the  MC-type  carbide  is  mainly  TaC. 


B Ni  B C P Co  a Cr  B W O Ta 


Figure  3.12  Microprobe  analysis  of  carbides  at  different  stages  of  heat  treatments.  The 
analysis  was  done  on  a polished  and  non-ctchcd  samples. 

TEM  on  as-cast  sample  with  0.15  wt%  carbon  content  was  performed  to  find  out 
the  orientation  relationship  between  the  carbides  and  the  y matrix  in  addition  to  the 
lattice  spacing  of  both  phases.  The  selected  area  diffraction  pattern  with  zone  axis  of 
<00 1 > of  an  area  that  contains  some  carbide  particles  along  with  the  bright  field  image  of 
the  same  area  arc  shown  in  Figure  3.13.  The  diffraction  pattern  shows  that  there  is  an 
orientation  relationship  between  the  y matrix  and  the  carbides  as  follows: 

(001),//(001)t«c 

<001>,//<001>t»c 

The  lattice  parameter  of  the  y matrix  and  the  TaC  was  calculated  from  the 


diffraction  pattern  and  found  to  be : 


f=  3.5486  A. 


utsc  = 4.426  A. 

Il  should  be  noted  that  both  the  y matrix  and  the  TaC  have  FCC  structures. 


Heat  Treatments 


Ni-based  superalloy  components  arc  solution  heat  treated  and  aged  before  they  are 
used  in  turbine  engines.  The  main  objective  of  the  heat  treatment  is  to  dissolve  the  y-f 


60 

eutectic  and  solution  the  y for  subsequent  re-precipitation.  In  addition,  the  solution  heal 
treatment  will  reduce  the  chemical  segregation  of  alloying  elements  in  the  as-cast 
structure,  i.e.  homogenize  the  structure.  Heat  treatment  requires  that  tire  alloy  be  heated 
to  a temperature  higher  than  the  solvus  temperature  of  the  y.  For  this  reason,  a 
differential  thermal  analysis  (DTA)  was  performed  on  all  samples  having  different 
carbon  levels.  The  DTA  for  samples  with  0.15  weight?*  carbon  is  shown  in  Figure  3.14. 
The  solidus,  liquidus,  and  the  carbide  dissolution  temperatures  are  shown  in  Table  3.4. 
The  Y'-solvus  temperature  typically  not  observed  in  as-cast  material  due  to  the  high 
degree  of  segregation.  A complete  DTA  results  of  as-cast  alloys  arc  shown  in  Appendix 


Figure  3.14  DTA  of  as-cast  LMSX-1  alloy  with  0.15  weight?*  carbon  content. 


Tabic  3.4  DTA  results  of  as-cast  samples.  

% Carbon  y*  Solvus  Solidus  Carbide  Liquidus 


0.0% 

0.01% 

0.05% 

0.10% 

0.15% 


Since  the  alloy  was  heavily  segregated,  the  temperatures  shown  in  Table  3.4  docs 
not  reflect  the  accurate  temperatures  of  the  alloy.  These  values  however  were  used  to 
design  the  heat  treatment  required  for  this  alloy.  Additions  of  carbon  higher  than  0.05 
wcight%  decreased  the  liquidus  temperature  by  about  6 to  8 'C.  On  the  other  hand, 
additions  of  0.01  and  0.05  weight%  carbon  reduced  the  solidus  temperature  by  I and  7 
'C  respectively.  Heat  treatments  were  adjusted  so  that  the  maximum  homogenization  is 
achieved,  'fhc  optical  micrographs  of  the  solution  heat  treated  alloy  are  shown  in  Figure 
3.15.  The  heat  treatment  consists  of  eight  steps  with  varying  holding  times.  The  reason 
for  the  steps  is  to  avoid  incipient  melting  of  the  alloy  during  the  heat  treatment.  The  heat 
treatment  lasted  for  50  hours  and  the  maximum  temperature  that  it  reaches  was  1 328.5 
'C.  The  optical  micrograph  show  a more  homogenous  structure  where  segregation  is 
reduced  significantly.  Note  that  the  dendrites  in  the  high  carbon  sample  arc  still  visible 
after  solution  heat  treatments  because  the  carbides  still  decorate  the  interdendritlc  region. 
A DTA  analysis  were  performed  on  the  heat  treated  samples  and  the  results  are  shown  in 
Table  3.5.  The  DTA  for  0.15  wt%  carbon  sample  is  shown  in  Figure  3.16  and  a complete 
DTA  results  of  other  samples  are  shown  in  Appendix  B. 


Table  3.5  DTA  results  of  the  heat  treated  samples. 

% Carbon  y*  Solidus  Carbide  Liquidus 
solvus  'C  Solvus  °C  "C 


0.00  1303.2  1375  - 1423.3 

0.01  1301.3  1363  1386.4  1422.1 

0.05  1295.5  1367  1396  1416.4 

0.10  1287.7  1362.6  1392.7  1414.6 

0.15  1281.6  1373.2  1394.2  1414.1 


0.00  weighl%  C 0. 1 5 wcigh!%  C 


Figure  3.15  Optical  micrographs  of  heat  treated  LMSX-1  alloy. 

In  order  to  quantify  the  segregation,  a line  scan  using  microprobe  of  the  most 
segregated  sample  have  been  performed  and  the  results  arc  shown  in  Figure  3.17.  The 
variation  in  elemental  concentrations  are  within  2 weight%  for  the  Ta.  Co.  and  Re,  the 
heavily  segregated  elements.  Other  elemental  concentrations  change  within  I weight%. 
Note  the  mirror  curves  of  the  two  elements  Ta  and  Re  which  partition  in  opposite 
directions  in  the  alloy  during  solidification. 


Figure  3.16  DTA  curves  for  0. 1 5 wt%  carbon  after  heat  treatment. 


I It  y s- 


Figure  3.17  Microprobe  Line  scan  of  the  0. 1 0 wt%  carbon  sample  for  different  elements. 


Aging  Heal  Treatment 


In  order  to  investigate  the  stability  of  the  alloy  studied,  samples  with  different 
carbon  levels  were  exposed  at  1000  ‘C  for  1000  hours  in  a box  furnace  in  an  air 
environment.  The  reason  for  this  is  to  determine  the  effect  of  exposure  on  the 
microslructure  and  the  mechanical  properties  of  the  alloy.  Figure  3.20  shows  the  SEM 
micrographs  of  on  exposed  samples  with  0.00  and  0.15  wcight%  carbon.  The  structure 
shows  an  increase  in  y'  size  with  exposure  which  indicates  that  some  particle  coarsening 
occurred  during  exposure.  In  addition,  the  y'  morphology  became  more  irregular  in  shape 
with  round  comers  and  in  some  cases  particles  became  spherical  in  shape. 


In  order  to  find  out  the  effect  of  carbon  additions  as  well  as  exposure  on  the 
microstruclurc,  the  y*  volume  fractions  and  y'  sizes  were  measured  on  samples  with 

y‘  size  was  performed  on  eight  fields  at  a magnification  of  X8000.  The  results  arc  shown 
in  Figure  3.21 . Based  on  these  graphs,  the  volume  fraction  of  7'  increased  at  a carbon 
level  of  0.01  and  0.05  weight%  although  the  increase  is  less  for  0.05  wt%.  In  addition. 


the  minimum  value  of  7'  volume  fraction  was  encountered  at  0.10  wt%  carbon. 
Furthermore,  the  y*  volume  fraction  increased  for  all  carbon  levels  after  exposure  of  the 
samples.  The  increase  in  volume  fraction  is  around  8-10  percent.  The  curve  for  exposed 
samples  show  a similar  trend  to  that  of  non-exposed  samples. 


Figure  3.21  Volume  fraction  and  y’  size  of  exposed  and  non-exposed  samples  at  different 
carbon  levels. 

In  order  to  show  the  effect  of  long-term  exposure  on  carbides,  exposed  samples 
were  deeply  etched  to  reveal  the  carbide  morphology  (Figure  3.22).  The  images  clearly 


show  that  carbide  dissolution  occurred,  forming  small  sheets  and  in 


the  stress-strain  curves  are  listed  in  Appendix  C.  The  trends  in  the  stress-strain  curve  of 
the  non-exposed  samples  are  similar  to  the  exposed  samples  at  all  carbon  levels. 
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Figure  3.23  Representative  Stress-strain  curves  of  LMSX-1  alloy.  Non-exposed  samples 
rested  at  room  temperature  and  at  950  °C, 

The  mechanical  testing  results  of  all  samples  tested  are  shown  in  Table  3.6,  The 
table  shows  the  reduction  in  area,  the  elongation,  the  yield  stress,  the  ultimate  stress,  and 
if  the  yield  point  phenomenon  was  observed  or  not.  It  should  be  noted  that  the  yield  stress 
was  read  at  the  point  where  the  stress-strain  curve  starts  to  deviate  from  the  straight  line 
and  not  at  0.0254  elongation  because  the  elongation  curve  represents  the  head  movement 
of  the  resting  machine  rather  titan  the  real  sample  elongation.  The  results  are  also 
summarized  in  the  curves  shown  in  Figure  3.24  and  Figure  3.25. 

The  stress  and  elongation  values  change  differently  with  different  testing  condition 
and  with  changing  carbon  content.  The  yield  stress  of  the  exposed  samples  is  less  than 
that  of  the  non-exposed  samples  at  all  carbon  levels  for  samples  tested  at  room 
temperature.  This  is  also  true  for  the  samples  tested  at  950  °C  but  the  difference  between 


the  two  curves  is  smaller  for  950  °C  data  than  the  difference  between  the  curves  for  the 


room  temperature  data.  The  elongation  on  the  other  hand  goes  into  the  opposite  sense,  i.e. 
the  elongation  of  the  exposed  samples  arc  higher  than  the  elongation  of  the  non-exposed 
samples  at  all  carbon  level.  This  is  true  for  both  room  temperature  and  950  °C.  It  should 


also  be  noted  that  the  difference  between  the  two  curves  decreases  as  the  testing 


Table  3.6  Tensile  testing  results  of  all  samples  tested. 

■\on-K\po.si\!  Samples  (Ri  ) 

%C  Temp.(°C)  (MPa)  Om,  (MPa) 


0.05  RT  20.00  29.46  861  1004  Yes 

0.10  RT  15.62  18.54  902  1096  No 

0.15  RT 17.82  23.71  862  1048  No 

Non-Exposed  Samples  (950  °C)  Yield 

%C  Temp.fC)  t„  % e,  % (MPa)  On,  (MPa)  Phon. 


Exposed  Samples  (RT) 
%C  Temp.(°C)  e^.% 


Qua  (MPa)  Phon. 


Exposed  Samples  (950  °C) 


d%  (MPa)  dm  (MPa)  Phon. 
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• — V‘-(.x>:  >ta  Sample*  (Rt) 
► i c ecd  tapb  ' 


*—  *euied*s-r<*  ’95c  c 


*—  Exposed  Samples  (RT) 

*—  Non-Exposed  Samples  (950  C] 
Exposed  Samples  (950  C) 


Figure  3.25  Ultimate  tensile  strength  and  yield  strength  of  samples  that  are  tensile  tested 
at  room  temperature  and  950  °C. 

The  curves  also  show  that,  for  exposed  samples,  the  yield  stress  at  room 
temperature  is  lower  than  that  at  950  °C  at  all  carbon  levels.  In  addition,  the  yield  stress 
drops  at  a carbon  level  of  0.05  wt%  at  both  temperature  regimes.  The  elongation  shows 
an  opposite  trend  where  the  elongation  at  room  temperature  is  higher  than  the  elongation 


at  950  °C  for  exposed  samples. 


72 

li  is  worth  nothing  that  some  of  the  stress-strain  curves  show  a yield  point 
phenomenon  whereas  others  do  not  At  room  temperature,  both  the  exposed  and  non- 
exposod  samples  show  the  yield  point  phenomenon  at  a carbon  level  of  0.05  wt%  and 
lower.  At  high  temperatures  however,  no  yield  point  phenomenon  was  observed  for  the 
exposed  samples.  Non-cxposed  samples  at  high  temperature  did  show  a yield  point 
phenomenon  except  at  a carbon  level  of  0.00  weighl%. 

The  stress-strain  curves  also  show  how  the  alloys  behave  in  terms  of  strain 
hardening  during  the  tensile  tests.  At  room  temperature,  both  exposed  and  non-exposed 
samples  show'  strain  hardening  during  testing.  At  a carbon  level  of  0.05  wt%  and  lower 
die  stress-strain  curve  became  horizontal  after  yielding  and  then  hardened  before  final 
fracture  occur.  In  alloys  with  higher  carbon  levels,  on  the  other  hand,  hardening  was 
observed  after  yielding  and  continued  until  the  fracture  of  the  samples.  At  high 
temperature,  no  strain  hardening  was  observed  and  the  stress-strain  curve  decreased 
steadily  until  the  fracture  of  the  sample,  for  all  carbon  levels  that  have  been  tested. 

Fractography  has  been  performed  on  fractured  samples  in  order  to  understand  the 
effect  of  carbides  on  fracture  surface.  SEM  images  of  non-exposed  samples  which  have 
been  tested  at  room  temperature  and  at  950  aC  arc  shown  in  Figure  3.26.  Tensile  samples 
tested  at  room  temperature  had  changed  the  shape  of  the  gage  section  from  circular  to 
elliptical  after  testing  without  forming  a neck.  In  addition,  one  side  of  each  sample 
remained  unchanged  after  fracture  testing  for  all  samples  tested  at  room  temperature. 

This  was  true  for  all  samples  containing  different  carbon  levels.  This  is  however  not  the 
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case  at  high  temperature  where  all  the  samples  have  retained  their  shape  but  did  form  a 
neck  during  testing. 


Figure  3.26  Tensile  fractured  samples  at  room  temperature  (a)  and  (b)  and  at  950  °C  (c) 
and  (d).  The  carbon  contents  arc  (a),(c)  0.00  wt%  C and  (b),(d)  0.15  wt%  C. 

All  tensile  samples  at  room  temperature  have  a "brittle"  appearing  fracture  surface. 
The  low  carbon  samples  have  shiny  and  flat  surfaces  with  what  appears  to  be  cleavage 
marks,  as  shown  in  Figure  3.26(a).  At  high  magnification  though,  the  fractures  were  very 
ductile  with  a significant  amount  of  microvoid  coalescence.  In  addition,  the  planes  which 
appear  to  be  cleavage  facets  are  instead  sub  planes.  High  carbon  samples,  however,  have 
a grainy  fracture  surface  and  no  visible  cleavage  marks.  High  density  of  carbide  network 
was  found  on  the  fractured  surfaces  of  samples  that  have  high  carbon  content.  Most  of 
these  carbides  contain  cracks  as  shown  in  Figure  3.27.  Both  high  and  low  carbon  level 


samples  show  some  dimples  on  the  fracture  surface  for  (he  room  temperalure  rests  as 
shown  in  Figure  3.28. 


Figure  3.28  SEM  image  showing  dimple  structure  on  a fracture  surface  of  sample  tested 
at  room  temperature.  Carbon  content  is  0.00  wt%. 

Longitudinal  sections  of  fractured  tensile  samples  have  been  prepared  and 
micrographs  are  shown  in  Figure  3.29  for  0.00  and  0. 1 5 wt%  carbon  samples  that  have 


fracture  surface  which  was  slightly  polished.  All  samples  tested  show  cracking  on  the 
surface  of  the  gage  section.  For  samples  with  carhon  addition,  carbides  arc  cracked  in  a 
direction  normal  to  the  stress  direction  as  shown  in  the  micrograph  (Figure  3.29).  It 
should  be  noted  that  no  cracks  have  been  initiated  at  the  casting  porosity  in  any  of  the 


(C) 

Figure  3.29  Longitudinal  sections  of  tensile  fractured  samples  of  (a)  0.00  wl%  c,  (b)  and 
(c)  0.15  wt%  C of  non-exposed  samples.  Arrows  indicate  stress  direction. 

TEM  analysis  were  also  conducted  on  some  tensile  samples  to  find  out  how 
deformation  affects  y'  precipitates.  Figure  3.30  shows  a cross-sectional  image 


perpendicular  to  the  stress  axis  of  two  tensile  samples,  one  at  room  temperature  and  one 
at  950  °C.  These  images  clearly  show  that  y'  shearing  took  place  at  both  room 
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temperature  and  950  °C  tensile  tests  where  lots  of  dislocations  are  cutting  through '{ 
precipitate. 


(a)  <b) 


Figure  3.30  Bright  field  TEM  image  of  <00 1 > zone  axis  (a)  room  temperature  tensile 
sample  under  two  beam  condition,  X86.000  (b)  950  °C  tensile  sample. 
X50000. 

Creep  Results 

In  order  to  investigate  the  effect  of  carbide  addition  on  creep  properties  of  the 
current  alloy,  ten  creep  tests  have  been  carried  out  for  different  carbon  levels  with  two 
samples  per  carbon  level.  In  addition,  another  10  creep  tests  were  performed  on  samples 
that  have  been  exposed  for  1000  hour  at  1000  °C  with  two  samples  per  carbon  level.  All 
of  the  tests  were  performed  at  a stress  level  of  3 1 0 MPa  and  at  a temperature  of 950  CC. 

The  results  of  the  creep  behavior  performed  on  non-exposed  samples  are  shown  in 
Figure  3.28.  The  graph  clearly  shows  that  addition  of  carbon  adversely  affected  the  creep 
life  of  the  alloy.  The  addition  of  0.01  wt%  carbon  reduced  the  life  by  around  270  hours 
and  a more  than  two  fold  reduction  in  life  was  observed  when  0.15  wt%  carbon  has  been 
added  to  the  alloy.  The  creep  behavior  of  LMSX-1  alloy  with  varying  carbon  additions 
has  a standard  type  of  creep  behavior  where  it  goes  through  a primary  stage  with  high 


creep  rale,  then  it  decreases  lo  a minimum  value  lo  Ihc  secondary  stage,  and  then  the 
creep  rate  rise  sharply  in  the  tertiary  creep  stage.  It  should  be  noted  that  the  alloy  in  the 
secondary  creep  stage  did  not  achieve  a constant  minimum  creep  rate  instead  the  creep 
rale  was  steadily  rising  during  this  stage.  In  addition,  no  incubation  periods  were 
observed  in  any  of  the  creep  tests  performed.  Figure  3.3 1 shows  the  creep  results  of  one 
sample  per  condition.  The  other  set  of  samples  with  the  same  creep  lest  conditions 
showed  similar  trends  except  for  the  0.00  wt%  C sample  where  the  life  dropped  just 
below  0.01  wt%  sample. 
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Figure  3.3 1 Continued. 

In  order  to  evaluate  the  microstmclural  stability  of  these  alloys,  a set  of  samples 
were  creep  tested  under  the  same  creep  test  conditions  of  temperature  and  load  but  after 
being  exposed  for  1 000  hours  at  1 000  °C.  The  result  of  the  creep  tests  of  these  samples  is 
shown  in  Figure  3.32.  It  is  apparent  that  the  carbon  addition  also  decreased  the  creep  life 
of  exposed  samples.  Moreover,  tile  creep  life  of  exposed  samples  were  shorter  than  those 
of  the  non-exposed  samples  for  the  same  carbon  level.  This  means  that  the  long-term 
elevated  temperature  exposure  had  a negative  effect  on  creep  strength.  For  example,  the 
exposure  reduced  the  life  of  the  alloy  without  carbon  addition  by  around  1 70  hours. 


79 


Time  (hours) 

0» 


Time  (hours) 

<b) 

Figure  3.32  Creep  curves  of  samples  that  are  exposed  for  1000  hours  and  al  1000  °C.  (a) 
and  (b)  represents  firsl  and  second  sets  under  Ihe  same  condilions. 

In  bolh  exposed  and  non-exposed  lests,  the  0,05  wt%  carbon  level  samples  starts 
with  a creep  elongation  less  than  that  of  the  0.01  wt%  samples  and  then  the  two  curves 


come  lo  a cross  over  at  different  limes  during  the  creep  tests.  The  cross  over  occurred  at 


20  hours  in  one  sample  and  at  3 1 8 hours  in  another  sample. 

The  minimum  creep  rate  of  exposed  and  non-exposcd  samples  versus  carbon 
content  is  shown  in  Figure  3.33.  Each  value  represents  an  average  of  two  samples  tested 
at  the  same  condition  of  exposure  and  carbon  content.  The  graph  clearly  shows  that  the 
addition  of  carbon  increased  the  minimum  creep  rate  for  both  of  the  exposed  and  non- 
exposed  samples.  In  addition,  sample  exposure  increased  the  minimum  creep  rale  of  alloy 
containing  high  carbon  levels,  namely,  0.10  and  0.15  wt%  carbon  significantly.  At  lower 
carbon  levels,  the  exposure  does  not  seem  to  affect  the  minimum  creep  rale  significantly 
although  creep  life  is  decreased  with  exposure  at  all  carbon  levels.  It  should  also  be  noted 
that  the  creep  rate  increased  as  a function  of  carbon  content,  at  a higher  rate  for  exposed 
samples  than  non-exposcd  samples,  at  high  carbon  levels  ( Figure  3.33). 
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Figure  3.33  Minimum  creep  rate  of  samples  tested  versus  carbon  content. 

The  creep  rupture  time  of  all  samples  tested  is  shown  in  Figure  3.34.  In  this  graph, 
each  point  represents  an  average  of  two  samples  tested  at  the  same  condition.  The  Figure 
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shows  thal  Ihc  high  level  of  carbon  additions  decreased  rupture  life  by  an  average  of  350 
hours  when  0.15  wt%  carbon  was  added  to  thcoiloy.  In  addition,  the  long-term  thermal 
exposure  reduced  rupture  life  further  by  a minimum  of  100  hours  at  all  carbon  levels. 
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Figure  3.34  Rupture  times  versus  carbon  content  for  exposed  and  non-exposed  creep 
tested  samples. 

The  samples'  total  creep  elongation  was  measured  by  measuring  sample  length 
before  and  after  creep  fracture  and  the  result  are  shown  in  Figure  3.35.  Here  also,  each 
point  represents  an  average  of  two  samples  tested  at  the  same  condition.  The  creep 
°/oclongulion  increased  with  the  addition  of  carbon  with  the  maximum  being  at  0.0 1 wt% 
carbon.  With  sample  exposure,  the  elongation  increased  further  at  all  carbon  levels  except 
at  the  0.05  wt%  where  the  elongation  decreased  slightly. 


Figure  3.35  The  % elongation  of  creep  samples  tested  under  31 0 MPa  and  950  °C. 

Crept  Samples  Fractography 

SEM  micrographs  of  fractured  creep  samples  show  similar  appearance  in  all 
samples  tested  with  different  carbon  contents.  Figure  3,36  shows  a fracture  surfaces  of 
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cracking  of  Ihe  carbides  panicles.  Figure  3.37  shows  some  cracks  lhal  have  formed  in  the 


vicinity  of  the  carbides  in  a fractured  surface  of  crept  sample  with  0.05  wt%  carbon 
sample. 


Figure  3.37  Fractured  surface  of  0.05  wt%  C which  was  creep  tested  at  3 1 0 MPa  and  at 
950°C.  Micrograph  shows  cracks  in  the  vicinity  of  carbides  on  the  fracture 
surface. 

Examining  the  surface  area  of  the  gage  section,  close  to  the  fracture  surface, 
indicated  lots  of  cracks  had  tormed  due  to  creep  deformation  as  no  cracked  carbides  were 
observed  in  the  as  heat  treated  and  aged  samples.  A longitudinal  section  from  the  gage 
was  cut,  polished  and  etched  to  further  examine  cracks  in  carbides  (Figure  3.38).  The 


micrographs  show  cracks  lhal  ran  normal  lo  Ihe  stress  direction.  In  the  case  of  0.00  wt% 
carbon,  these  cracks  are  believed  to  be  associated  with  the  pores  in  the  material  which 
had  formed  during  casting.  On  the  other  hand,  the  carbides  in  the  high  carbon  content 
alloy,  arc  a source  of  crack  initiation  sites,  in  addition  to  the  pores.  The  micrograph  in 
Figure  3.38  (b)  shows  carbide  particles  which  have  been  cracked  in  several  places 
indicating  that  the  cracking  and  fracture  have  initiated  within  these  carbides.  The  carbides 
present  in  these  micrographs  are  TaC  based  on  an  EDS  mapping  of  this  phase  os  shown 
in  Figure  3.39.  It  is  worth  mentioning  that  all  carbides  present  in  this  alloy  are  of  MC* 
type  carbides  and  no  other  types  of  carbides  have  been  observed  in  this  alloy. 


(a) 


Figure  3.38  SEM  micrographs  of  longitudinal  section  parallel  to  the  stress  axis  of  two 
creep  tested  samples  (a)  0.00  wt%  C,  showing  deformed  pores  (b)  0.15  wt% 
C,  showing  cracks  initiated  at  the  carbides  and  propagated  to  the  matrix. 


Figure  3.39  EDS  mapping  of  TaC  in  (a)  is  shown  in  (b). 


85 

During  creep  testing,  directional  coarsening  or  y'  rafting  took  place  and  as  noted 
previously  [5, 44*46]  the  direction  of  rafts  depend  on  the  y/  y‘  misfit  and  the  sense  of 
loading.  A negative  misfit  and  a tensile  loading  would  result  in  a horizontal  coarsening  of 
y*  precipitates.  Figure  3.40  shows  the  y rafts  that  have  developed  in  creep  tested  alloys  of 
high  and  low  carbon  samples.  The  micrographs  show  that  the  0.00  wt%  carbon  sample 
develops  more  uniform  rafts  than  samples  with  0.15  wt%  carbon.  This  would  indicate 
that  the  presence  of  carbides  retard  the  mechanism  of  raft  formation. 


(a)  ~ ~ ~ ‘ (b) 


Figure  3.40  Longitudinal  section  of  two  creep  tested  samples  showing  Y rafts  formation 
normal  to  the  stress  direction,  (a)  0.00  wt%  carbon,  (b)  0.15  wt%  carbon. 

Fatigue  Tests 

Fatigue  Test  Results 

High  cycle  fatigue  tests  were  conducted  in  order  to  determine  the  effect  of  carbon 
addition  on  crack  initiation.  The  tests  were  performed  on  exposed  and  non-exposed 
samples  containing  different  carbon  levels  with  two  samples  per  condition.  The  test  was 
conducted  at  a stress  range  of 690  MPa  and  a mean  stress  of  421  MPa.  The  temperature  at 
which  the  test  were  conducted  was  850  °C. 

The  number  of  cycles  to  failure  versus  carbon  level  for  exposed  and  non-exposed 
samples  is  shown  in  Figure  3.41.  The  graph  shows  that  the  fatigue  life  of  the  LMSX-1 


alloy  dropped  as  the  carbon  level  was  increased.  The  drop  is  more  significant  at  a carbon 
level  of  0.05  wt%  and  higher.  The  curve  seems  to  reach  a plateau  as  the  carbon  level 
teaches  0.10  wl%.  In  addition,  long-term  thermal  exposure  of  samples  resulted  in 
decreased  fatigue  life  at  all  carbon  levels.  Although  there  is  some  overlap  between  points 
of  exposed  and  non-exposed  samples,  on  average,  exposure  causes  a reduction  of  fatigue 
life. 
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Figure  3.4 1 Fatigue  life  versus  carbon  content  of  the  alloy  for  both  exposed  and  non- 
dashed  line  represent  the  trend  of  exposed  samples. 

Although  carbon  addition  decreases  fatigue  life  for  both  exposed  and  non-exposed 
samples,  this  behavior  is  not  apparent  at  a carbon  level  of  0.0 1 wt%.  The  two  samples 
containing  0.01  wt%  carbon  had  a life  of  1 0 million  and  70.000  cycles  with  a very  large 


amount  of  scatter  between  them.  The  sample  with  1 0 million  cycles  did  not  fail  and  the 
stress  level  was  increased  to  Ao  - 827  MPa  and  it  lasted  290.000  cycles  before  failure. 


This  means  that  one  sample  of  0.01  wt%  carbon  has  a higher  life  than  both  samples  at 
0.00  wt%  carbon  level.  This  is  also  true  for  the  case  of  exposed  samples  where  one 
sample  of  0.01  wt%  carbon  bad  a life  of  301 ,000  cycles  which  is  higher  than  both 
samples  with  0.00  wl%  carbon  level. 

Fractograph  of  High  Cycle  Fatigue  Samples 

Fatigue  fractured  samples  have  been  analyzed  using  optical  microscopy  and  SEM 
in  Older  to  understand  the  effect  of  carbon  addition  and  exposure  on  fatigue  fracture 
surfaces.  The  fracture  surfaces  of  samples  with  low  carbon  content  was  different  from 
samples  with  high  carbon  content.  Generally.  0.00  wt%  and  0.01  wl%  carbon  samples 
had  a smooth  and  shiny  surface  that  was  inclined  to  both  the  stress  axis  and  to  the  plane 


normal  to  the  stress  axis.  High  carbon  level  samples  on  the  other  hand  had  a very  rough 
surfaces  and  which  usually  was  normal  to  the  stress  axis. 

Figure  3.42  shows  SEM  images  of  fractured  surface  of  0.00  wt%  carbon  sample 
which  failed  after  5 • 106  cycles.  The  fractured  surface  is  smooth  and  shiny  with  an 
inclination  to  the  stress  axis.  The  micrographs  (Figure  3.42-(c)  and  3.42-(d))  show  three 
distinct  areas,  namely,  the  crack  initiation  site,  the  crack  propagation  area,  and  the  fast 
on  of  the  crack  initiation  site  reveals  that  the  crack 

on  area  shows  a feature-less 
surface  where  the  crack  propagation  seems  to  be  cutting  through  the  y*  particles.  The  high 
magnification  of  the  fast  crack  fracture  area  reveals  a rough  surface  where  the  crack 


appears  to  avoid  cutting  the  Y particles  and  advances  through  the  y matrix  as  shown  in 


Figure  3.42(b).  This  observalion  was  based  on  Ihc  look  of  fracture  surface  al  high 
magnification  where  the  surface  has  an  intergranular-like  fracture  surface.  The  size  of 
these  particles  were  comparable  to  the  y'  size  considering  that  the  surface  shown  in  the 
image  is  inclined. 


Figure  3.42  SEM  micrograph  of  Ihc  fatigue  fractured  surface  of  0.00  wt%  carbon  level 
sample.  Fatigue  life  is  5,000.000  cycles  at  a mean  stress  of  421  MPa  and  Ao 
690  MPa.  (a)  overall  image  of  fracture  surface,  (b)  magnified  image  of  the  fast 
fracture  area.fc)  and  (d)  shows  crack  initiation  -a- , crack  propagation  -b-,  and 
fast  fracture  area  -c-  for  another  0.00wt%  carbon  sample. 

The  fracture  surface  of  0.01  wt%  carbon  sample  which  ran  for  10  million  cycles 
without  breaking  and  was  reloaded  at  a higher  stress  level  had  similar  fracture  surface  as 
the  0.00  wt%  carbon.  However,  another  sample  with  the  same  carbon  level  failed  al 
around  70,000  cycles.  Figure  3.43  shows  an  SEM  image  of  the  fracture  surface  of  this 
sample.  Clearly  the  fracture  surface  of  this  sample  is  entirely  different  than  the  other  low 
carbon  samples.  First,  there  appear  to  be  two  crack  initiation  sites,  one  internal  and  one 


external  which  are  marked  with  arrows  on  the  micrograph.  The  internal  crack  appears  to 
have  started  first  because  it  has  propagated  to  a large  area  in  the  sample  as  revealed  by 
the  shiny  surface  of  the  crack.  As  the  internal  crack  propagated,  an  external  crack  formed 
and  started  to  propagotc,  as  well.  At  some  point  the  internal  crack  becomes  unstable  and 
the  sample  failed. 


High  carbon  level  samples  have  fracmrc  surfaces  that  were  different  than  the  lower 


lower  titan  those  observed  in  creep  samples. 


Figure  3,47  Backscattcred  image  showing  iwo  cracked  carbide  particles  and  a crack 

connecting  them  shown  by  the  arrow  in  the  middle  of  the  micrograph.  Arrow 


CHAPTER  4 
DISCUSSION 

Carbon  Additions  to  Superallovs 

Carbon  is  typically  added  to  polycrystallinc  supcralloys  to  form  carbides  that 
strengthen  grain  boundaries.  Carbides  play  an  important  role  of  pinning  grain  boundaries 
and  preventing  sliding  during  creep  [I].  However,  carbon  svas  reduced  to  minimum 
values  for  single  crystal  supcralloys  because  of  the  absence  of  grain  boundaries  in  these 
alloys.  However,  some  beneficial  effects  of  carbon  additions  were  found  during  the 
casting  of  single  crystal  Ni-basc  supcralloys.  In  the  current  study,  the  casting  defects  have 
decreased  when  carbon  was  added  to  the  alloy  (Figure  3.3  and  Table  3.2).  This  was  also 
reported  by  other  authors  (4 1 , 43J . Although  some  defects,  such  as  freckles,  did  not 
appear  in  the  model  alloy  used  in  this  study,  it  was  reported  by  other  authors  [43]  that 
additions  of  carbon  have  a beneficial  effect  on  reducing  freckle  formations. 

While  carbon  additions  to  Ni  base  superalloys  decreased  the  casting  defects,  the 
effect  of  carbon  addition  on  mechanical  properties  have  not  been  investigated.  The 
addition  of  carbon  to  Ni  base  superalloys  results  in  the  formation  of  MC-type  carbides 
which  are  considered  brittle  phases  that  may  have  detrimental  effects  on  mechanical 
properties  including  creep,  tensile  strength,  and  fatigue.  The  main  objective  of  this  study 
is  to  determine  the  effect  of  adding  carbon  to  the  mechanical  properties  of  single  crystal 
Ni  base  supcralloys.  For  this  reason,  a model  alloy  was  utilized  where  carbon  was  added 
with  varying  concentrations.  Having  a master  alloy  with  different  carbon  concentrations 


allows  for  the  determination  of  the  mechanical  properties  of  the  alloy  at  different  carbon 


contents.  In  addition,  the  effect  of  carbon  additions  on  stability  of  the  material  was 
studied  by  exposing  the  samples  to  long  term  (unstressed)  heat  treatments  at  1000  ”C  for 
1 000  hours.  This  exposure  is  intended  to  simulate  temperature  conditions  during  service 
of  these  materials  and  to  allow  the  formation  of  any  TCP  phases. 

In  this  chapter,  a discussion  on  how  carbon  addition  would  affect  defect  formation 
especially  freckles  will  be  presented.  In  addition,  the  effect  of  carbon  additions  on 
microstructurc  of  the  heat  treated  and  exposed  samples  will  be  discussed.  Moreover,  the 
effect  of  carbon  additions  on  tensile,  creep,  and  fatigue  will  be  presented. 

Effects  of  Carbon  Additions  on  the  Model  Alloy 
Carbides  Formation 

Additions  of  carbon  to  the  model  alloy  used  in  this  study  resulted  in  the  formation 
of  a carbide  phase  in  the  intcrdendritic  region  of  the  structure.  EDS  analysis  revealed  that 
this  phase  was  a Ta-rioh  MC-type  carbide  as  shown  by  the  elemental  mapping  in  Figure 
3.39.  The  volume  fraction  of  carbide  phase  increased  with  increasing  carbon  content  in 
the  model  alloy  (Table  3.3).  Differential  thermal  analysis  showed  that  the  carbide 
precipitation  temperature  generally  increases  as  the  carbon  level  is  increased  in  the  model 
alloy.  The  change  in  carbide  dissolution  temperature  (-1  >4  °C  for  high  carbon  levels)  was 
less  sensitive  to  change  in  carbon  content  compared  to  change  in  liquidus  temperature,  as 
shown  in  Table  3.6,  which  is  in  agreement  with  other  literature  [40],  However,  with  the 
additions  of  carbon,  it  becomes  easier  to  grow  carbides  on  solidification  under  high 
supersaturation  (10]. 

Back5cattered  images  of  the  carbide  phase  (Figure  3.8)  on  a cross-sectional  area  of 
the  alloy  showed  that  these  carbides  form  fine  dendritic-like  microstructures 


s.  Although 
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the  equilibrium  morphology  of  carbides  is  the  octahedron  based  on  the  minimum  surface 
energy,  most  of  the  carbides  formed  in  the  model  alloy  were  of  script-likc  morphology. 
The  thermal  gradient  was  calculated  to  be  30-40  °C/cm  and  the  withdrawal  rate  was  20 
cm/hour.  Considering  tile  high  withdrawal  rale  during  solidification,  there  is  not  enough 
time  for  carbide  forming  elements  to  diffuse  and  form  the  equilibrium  carbide 
morphology.  Instead,  as  the  matrix  of  y and  y'  forms  the  carbon  and  tantalum  get  rejected 
to  the  liquid  and  gets  enriched  with  carbide  forming  elements.  The  accumulation  of 
carbide  forming  elements  along  with  the  high  withdrawal  rate  results  in  the  formation  of 
a complicated  carbide  network  in  the  alloy.  Script-like  carbides  of  TaC  were  also  formed 
in  other  nickel  base  supcralloys  at  a withdrawal  rale  of  1 S cm/hour  [47],  In  addition,  as 
reported  in  literature,  volume  fraction  of  script-likc  carbides  is  expected  to  be  higher  than 
faceted  carbides  at  a growth  rates  of  1 8 cm/hour  and  higher  (9).  The  morphology  of 
these  carbides  also  affected  by  the  carbide  precipitation  temperature  with  respect  to  the 
liquidus  and  solidus  temperatures  of  the  alloy. 

Deep  etching  of  the  cross-sectional  area  revealed  the  complicated  network  of 
dendritic  carbides.  Stereo  pair  images  of  these  scripts  carbide  showed  rods  at  the  center 
of  the  dendritic  carbides  pointing  out  of  the  image.  From  the  center,  the  carbides  started 
to  form  in  four  directions  starting  with  sheets  and  then  splitting  to  form  rods. 
Longitudinal  sections  of  this  high  carbon  alloy  (Figure  3.10)  showed  a continuous 

parallel  to  the  primary  dendrites  of  the  matrix  and,  as  solidification  proceeds,  these 
carbides  grew  laterally  between  the  secondary  dendrites  into  four  directions  forming  the 
dendritic  carbides.  This  conclusion  was  based  on  the  stereo  pair  images  on  the  cross- 


lion  samples  where  rod  like  carbides  points  outward  in  the  center  of  the  dendritic 
bide.  The  growth  of  these  carbides  started  with  sheets  which  then  split  to  rods.  As  the 


solidification  proceeds,  the  carbide  sheets  splits  to  rods  due  to  the  reduction  in  the 
concentration  of  carbide  forming  elements.  Figure  3.9  shows  that  the  arms  of  the 
dendritic  carbide  impinge  on  each  other,  suggesting  that  the  growth  of  these  carbides  start 

spacing  between  these  carbide  sheets  which  is  due  to  the  removal  of  the  y/y'  phases  that 
has  been  etched  away  (Figure  4. 1 ).  In  a SEM  image  of  a transverse  section,  the 
intcrdendritic  region  showed  the  carbides  phase  with  a coarse  y/y'  structure  as  shown  in 
Figure  4.2. 


Figure  4. 1 Longitudinal  section  of  0.15  wt%  carbon  sample  which  was  deeply  etched 
showing  the  carbides  network  in  the  iuterdendritic  area. 
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Figure  4.2  SEM  image  of  transverse  section  showing  the  dendrites  (upper-right  comer) 
and  carbides  in  the  intcrdcndritic  region. 

The  microprobe  images  of  longitudinal  sections  (Figure  3.10-b)  showed  a parallel 
growth  of  carbide  networks  to  the  primary  matrix.  The  TEM  diffraction  pattern  showed 
an  orientation  relationship  between  the  y and  TaC  network.  This  orientation  relationship 
is  not  unexpected,  since  both  of  these  phases  hove  an  FCC  cubic  lattice.  The  lattice 
parameter  of  the  carbide  phase  was  measured  from  the  diffraction  pattern  and  was  found 
to  be  4.26  A.  This  value  is  similar  to  other  values  reported  for  TaC  in  the  literature  [43. 
48]. 

The  suggested  mechanism  of  carbide  growth  will  be  presented  based  on 
microstructural  observations.  Cutting  random  longitudinal  section  showed  line  dendritic- 
like  carbide  network  os  shown  in  Figure  3.10-b.  The  fact  that  a fine  and  continuous 
carbide  network  is  present  in  the  micrograph  strongly  suggest  that  these  dendrites  arc 
sheets  or  laths.  These  laths  grow  parallel  to  the  matrix  dendrites.  They  then  grow  laterally 
in  between  secondary  matrix  dendrites.  The  two  phases  carbide  grow  cooperatively 


forming  y and  TaC  phases.  On  cooling,  the  7 matrix  precipitates  coarse  7'  particles  as 
shown  in  SEM  micrograph  in  Figure  4.2. 

Addition  of  carbon  to  the  model  alloy  LMSX-1  resulted  in  a slight  increase  of 
porosity  of  the  as-cast  structure  (Table  3.1).  However,  due  to  the  disperse  distribution  of 
pores,  it  was  difficult  to  gel  an  accurate  estimate  of  the  porosity  volume  fraction.  The 
slight  increase  in  porosity  may  be  related  to  the  physieal  presence  of  carbides  which 
prevented  the  liquid  from  feeding  the  shrinkage  at  the  end  of  solidification. 

Some  solidification  defects  (c.g.,  slivers  and  freckles)  form  in  the  directionally 
solidified  alloys  during  solidification  when  the  solute  elements  such  as  AI,  and  Ti  are 
rejected  to  the  interdendritic  region  and  elements  such  as  W and  Re  arc  segregated  to  the 
dendrite  core.  The  interdendritic  liquid  has  an  average  density  lower  than  that  of  the 
liquid  alloy  above  it  during  solidification.  This  density  difference  causes  the  enriched 
liquid  to  flow  up  to  the  top  of  the  mushy  zone,  breaking  off  dendrite  tips  in  this  process. 
This  phenomenon  is  termed  thermal  solutal  convection.  The  fractured  dendrite  tips  can 
then  act  as  nuclei  for  chains  of  cquiaxed  grains,  known  as  freckles  [13,  14J.  Tantalum 
additions  to  the  alloy  offset  the  density  difference  and  suppress  the  thermal  solutal 
convections  as  it  segregates  to  the  interdendritic  region  during  solidification. 

Casting  defects  including  freckles  are  affected  by  the  solidification  conditions  and 
sample  size.  It  was  reported  that  the  number  of  freckle  line  defects  usually  increases  with 
increasing  bar  diameter  ( 1 3).  In  this  study,  the  percentage  of  the  bars  with  defects  was 
observed  to  increase  with  increasing  bar  diameter.  Thermal  gradient  and  growth  rate  also 
affect  freckle  formation  and  have  to  be  controlled  within  some  limits  ( 1 ].  These  limits 
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depend  on  the  difference  between  solidus  and  liquidus  temperatures  of  the  alloy,  the  local 
solidification  time,  and  the  gradient  in  die  mushy  zone 

Additions  of  carbon  to  the  model  alloy  used  in  this  study  have  resulted  in  a 
reduction  of  casting  defects  in  agreement  with  other  studies  [41, 43],  While  the  current 
model  alloy  did  not  suffer  from  freckle  formation  at  ail  carbon  levels  including  0,00  wt% 
carbon,  Tin  [43]  have  reported  a drop  in  freckle  formation  with  carbon  additions.  The 
reduction  of  freckle  formation  was  linked  with  change  of  segregation  behavior  of 
alloying  elements  in  the  material.  Tin  et  al.  [40]  reported  that  addition  of  the  carbon  to  the 
alloy  has  resulted  in  modification  of  segregation  coefficient  of  alloying  elements  to 
values  closer  to  one.  This  would  result  in  a reduction  in  the  density  difference  between 
the  interdcndritic  liquid  and  the  liquid  above  it  during  directional  solidification  and 
consequently  reduced  freckle  formation. 

In  the  current  study,  the  partitioning  coefficient  of  the  elements  in  the  model  alloy, 
LMSX- 1 , was  measured  at  different  carbon  levels.  The  results  showed  that  the 
partitioning  coefficient  docs  not  change  with  carbon  addition  to  the  alloy  for  alt  elements 
(Figure  3.6).  The  disagreement  in  the  results  of  solute  segregation  could  be  due  to  the 
method  of  measuring  the  partitioning  coefficient  The  method  used  by  Tin  [43]  was  the 
dot  matrix  measurement  reported  by  Gungor  [49]  while  the  one  used  in  this  study  was  by 
line  scans  through  the  dendrite  core.  Although  the  dot  matrix  scan  method  offers  a 
conceit  is  solid  fraction  relationship,  misleading  results  could  arise  from  point 

to  point  fluctuations  because  of  the  gamma  prime  precipitates  formed  during  cooling  aficr 
directional  solidification  [50],  Line  scan  do  not  experience  such  a problem  as  it  is 
confined  to  small  areas  of  the  microstructure.  In  addition,  line  scan  were  selected  to  go 


through  sections  representing  all  stages  of  segregation  which  means  more  precise 
determination  of  segregation  behavior  of  elements.  Dot  matrix  averages  concentration 
values  over  larger  area  and  may  not  include  complete  variations  of  segregation. 

Additional  potential  reason  for  this  disagreement  in  the  partitioning  coefficient 
results  is  the  spot  size  used  for  the  microprobe  analysis.  If  the  spot  size  is  smaller  than  the 
Y si20  Ihen  misleading  results  of  elements  concentration  is  measured.  However,  a larger 
size  beam  that  covers  both  yand  y'  would  give  an  average  concentration  of  both  y and  ya 
phases.  Another  potential  reason  for  differences  in  partitioning  results  was  due  to  the  use 
of  WDS  versus  EDS  in  analysis.  WDS  offers  better  resolution  in  terms  of  quantitative 
analysis  over  EDS  (51],  Tin(43]  work  was  based  on  EDS  system  while  the  current  work 
utilizes  WDS  for  measuring  elemental  concentrations. 

Tin  [43]  has  reported  that  the  change  of  solidification  behavior  of  tantalum  has 
occurred  at  the  solid  traction  where  carbides  started  to  precipitate.  This  was  shown  on  a 
graph  of  composition  versus  fraction  solid  of  Ta  during  solidification.  While  this  change 
is  true,  it  may  not  be  related  to  the  change  of  segregation  behavior  of  tantalum.  It  could 
rather  be  due  to  the  effective  reduction  of  tantalum  in  die  inlerdendritic  liquid  as  the 
carbide  phase  forms  as  shown  schematically  in  Figure  4.3.  Considering  the  case  of 
limited  diffusion  in  solid  and  complete  mixing  in  liquid,  the  first  solid  to  form  will  be 
kXo.  where  k is  the  partitioning  coefficient  and  Xo  is  the  average  oonoentration  of  the 
element  in  the  alloy.  If  the  concentration  of  Ta  is  Xtu  and  the  partitioning  coefficient  for 
Ta  is  k.  then  the  first  solid  to  form  has  kX0i  of  Ta.  As  solidification  proceeds,  the 
concentration  of  Ta  in  the  inlerdendritic  region  increases.  When  carbides  form  sometime 
during  this  solidification  process,  the  concentration  of  Ta  in  the  mushy  zone  will  be  less 


and  this  would  result  in  the  curve  separation  at  that  point  (i.e,  the  change  in  the  curve  is 
due  to  change  of  Ta  concentration  and  not  partitioning  coefficient  k). 


0 Solid  Fraction 


Figure  4.3  Schematic  showing  the  effect  of  changing  element  concentration  in  liquid. 

The  reduction  in  freckle  formation  due  to  carbon  addition  may  be  mainly  attributed 
to  the  physical  presence  of  intricate  networks  of  tantalum  carbide  in  the  intcrdendrilic 
region.  This  would  reduce  the  permeability  of  the  intcrdcndritic  area  largely  and  would 
suppress  the  fluid  flow  inversion  caused  by  the  density  inversion.  This  would  require  that 
the  precipitation  of  carbides  occur  earlier  in  time  during  solidification  than  the  density 
inversion  which  causes  freckle  formation.  Tin  [431  has  also  mentioned  this  as  an 
additional  factor  on  how  carbon  additions  affect  freckle  formation.  Auburtin  cl  al.  [52] 
pointed  out  that  precipitation  of  carbides  (TaC)  in  the  intcrdcndritic  area  would  result  in 
increased  density  inversion  due  to  removal  of  Ta  from  the  intcrdcndritic  liquid.  However, 
it  was  also  pointed  out  that  carbides  may  obstruct  intcrdendritic  channels,  thus  reducing 
the  porosity  of  fluid  flow  and  consequently  freckle  formation. 


Heat  treatments  and  aging  were  performed  in  order  to  homogenize  the 
microstructure  and  produce  the  optimum  y'  size  for  mechanical  properties.  The  solution 
heat  treatment  trials  conducted  on  the  model  alloy  with  varying  carbon  content  were 
designed  so  that  one  heat  treatment  would  be  used  to  homogenize  the  microstructurc. 
During  aging  trails  to  get  the  optimum  y'  size  ('0.4  pm),  three  aging  limes  were  used 
namely,  2. 4,  and  6 hours  at  1 1 50  °C.  Aging  the  alloy  at  1 1 50  °C  for  6 hours  resulted  in 
changing  the  morphology  ofy'  to  spherical  morphology  in  the  high  carbon  level  samples 
only.  Tire  spherodization  of  the  y*  in  the  high  carbon  alloy  is  due  to  the  carbides 
removing  Ta  from  the  y and  then  from  formation  of  y'  and  as  a result,  changed  the  y1 
morphology  due  to  changes  in  the  y/y'  misfit. 

The  addition  of  carbon  to  tile  model  alloy  resulted  in  a reduction  of  y'  solvus , 
solidus,  and  liquidus  temperatures  which  is  in  agreement  with  the  literature  [53, 54). 
Additions  of  carbon  will  also  decrease  the  incipient  melting  temperature  of  the  alloy.  The 
reduction  in  incipient  melting  temperature  may  prevent  complete  homogenization  of  the 

Heat  treatment  of  the  model  alloy  resulted  in  dissolution  of  carbides  phase  (Figure 
3.19).  This  would  be  expected  as  the  carbide  in  the  as-cast  microstructurc  had  very  fine 
morphologies  with  significant  amounts  of  surface  area.  As  a result,  the  carbide  phase 
would  be  expected  to  minimize  its  surface  energy  by  agglomerating  or  changing  the 
morphology  to  reduce  the  surface  area.  The  carbide  dissolution  also  occurred  during 
exposure  of  the  alloy  at  1 000  °C  for  1 000  hours  as  clearly  shown  in  the  deep  etched 
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samples  in  Figure  3.22.  While  exposure  of  alloys  with  MC  carbide,  would  he  expected  to 
form  M23C6  or  MnC.  none  of  these  secondary'  carbide  particles  were  observed  in  the 
current  model  alloy.  The  lack  of  secondary  carbides  may  be  due  to  very  stable  ( TaC) 
carbide  that  do  not  transform  easily  to  other  forms  of  carbides.  This  was  also  the  case  for 

types  when  Ta  was  added  to  the  alloy(35].  In  addition,  the  chromium  contents  of  the 
model  alloy  LMSX-I  was  very  low  (-  4.0  wt%)  which  is  an  essential  element  for  M,,C,- 
type  carbides. 

Sample  exposure  for  1 000  hours  at  1 000  °C  resulted  in  an  increase  of  7'  volume 
fraction  at  all  carbon  levels  as  compared  to  solution  heat  treated  samples  (Figure  3.21 1. 
The  increase  of  y'  volume  fraction  is  slightly  higher  at  high  carbon  levels.  The  Y'  volume 
fraction  measured  was  for  the  coarse  y'  particles  and  not  the  total  y'  available  in  the 
structure.  The  aging  heat  treaunents  at  870  °C  and  760  °C  produced  small  y'  precipitates 
that  are  only  visible  by  TEM.  These  small  y‘  particles  dissolve  at  the  exposure 
temperature  and  larger  y'  particles  coarsen.  As  a result,  the  increase  in  volume  fraction 
was  due  to  the  increase  of  coarse  y'  particles.  The  additional  increase  in  y’  volume 
fraction  with  increase  in  carbon  content  is  attributed  to  the  disintegration  of  carbides  and 
releasing  tantalum  which  partitions  to  y'  phase.  Exposure  of  the  alloy  has  resulted  in  an 
increase  of  y‘  size  which  is  the  result  of  small  precipitates  disappearing  and  larger 
precipitates  growing  in  size  (i.e.  y*  coarsening).  In  addition.  TCP  phases  did  not  form  in 


the  exposed  alloy  at  all  carbon  levels. 
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Addition  of  carbon  to  the  model  alloy  LMSX-I  affected  the  tensile  properties  of  the 
alloy.  In  addition.  !000°C/I000  hour  sample  exposure  also  had  a significant  impact  on 
the  mechanical  properties  of  the  alloy  which  gave  an  indication  of  microstructural 
stability  of  the  alloys. 

First  the  effect  of  carbon  additions  and  thermal  exposure  on  elongation  and 
reduction  in  area  will  be  discussed  (Figure  3.24).  The  addition  of  carbon  to  non-exposed 
samples  at  room  temperature  did  not  affect  percent  elongation  and  percent  area  reduction 
significantly  except  at  a carbon  level  of  0.03  wt%  where  elongation  increased.  At  high 
temperature,  elongation  dropped  slightly  as  the  carbon  level  is  increased  except  at  a 
carbon  level  of  0.05  w't%  carbon.  Area  reduction  on  the  other  hand,  decreased  as  the 
carbon  level  was  increased.  The  decrease  in  percent  area  reduction  at  high  temperature 
with  carbon  addition  could  be  attributed  to  the  carbide  presence  in  the  alloy.  This, 
however,  was  not  the  case  for  room  temperature  tests.  Comparing  the  deformation  of 
samples  at  room  temperature  and  at  950  °C  showed  that  thccross*seclional  area  of  the 
room  temperature  samples  turned  to  oval  shape  along  the  whole  gage  length.  On  the  other 
hand,  samples  at  high  temperature  maintained  their  original  shape  with  a formation  of 
necking  in  the  sample.  This  means  that  the  deformation  at  high  temperature  is 
concentraied  ai  ihe  neck  area  while  at  room  temperature  it  was  distributed  along  the 
whole  guge  section.  Additionally,  multiple  slip  systems  were  active  at  high  temperature: 
whereas,  less  slip  systems  were  operative  at  room  temperature.  As  a result,  carbides 
would  help  initiate  cracks  faster  at  high  temperature  because  of  the  multiple  slip  systems 
involved  in  deformation  in  addition  to  the  concentration  of  deformation  to  a small  area. 


In  addition,  carbides  could  help  to  distribute  the  slip  and  prevent  planar  slip.  As 
dislocations  move,  they  are  stopped  by  carbide  particles  and  forced  to  avoid  them  by 
moving  to  different  slip  system. 

explained  by  the  multiple  slip  systems  that  took  place  at  high  temperature,  as  well.  When 
more  slip  systems  are  involved  in  deformation,  slip  systems  interact  with  each  other  and 
form  cracks  faster  which  leads  to  fracture  sooner  and  elongation  becomes  shorter  |55). 
Increased  ductility  observed  in  the  alloy  with  0,05  wt%  carbon  for  all  conditions,  could 
be  related  to  the  increased  cleanliness  of  the  alloy.  It  was  found  |4 1 ] that  optimum 
additions  of  carbon  (0.01-0.08  wl%  C)  results  in  a reduction  of  non-mctallic  inclusions 
and  increase  the  cleanliness  of  the  alloy.  The  optimum  carbon  content  depends  on  the 
need  to  get  a carbon  boil  to  remove  oxygen  from  the  melt,  the  need  to  avoid  carbon 
reaction  with  ceramic  crucible,  and  the  amount  of  strong  carbide  formers  such  os  Ti,  W 
and  Ta  present  in  the  superalloy. 

The  cross  section  of  gage  section  in  samples  tested  at  room  temperature  changed 
from  circular  to  oval  (Figure  3.26-a).  Gage  section  measurement  of  deformed  samples  at 
room  temperature  showed  that  one  direction  did  not  change  in  dimension  while  the  other 
dimension  was  reduced.  Since  the  tensile  samples  were  about  5-10°  off  <001  > axis,  two 
slip  systems  would  be  expected  to  be  active.  Since  the  crystal  is  constrained,  the  Burgers 
vector  of  the  slip  systems  rotated  towards  the  stress  axis.  This  resulted  in  reduction  of 
dimensions  of  two  opposite  directions  of  the  gage  section.  At  high  temperature,  multiple 
slip  systems  are  active  and  deformation  occurred  around  the  whole  periphery  of  the 
deformed  area.  Results  showed  that  percent  reduction  in  area  at  low'  temperature  versus 
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carbon  additions  had  the  same  trend  as  percent  elongation.  However,  at  high  temperature 

elongation.  This  is  attributed  to  the  concentration  of  deformation  in  the  neck  region  at 
high  temperature  in  comparison  to  the  uniform  deformation  at  room  temperature. 

The  yield  stress  has  also  been  affected  by  carbon  additions  and  exposure  of 
samples.  Generally,  for  all  samples,  the  yield  stress  decreased  with  increasing  carbon 
level  in  the  alloy  with  a higher  drop  in  samples  with  carbon  levels  of  0.05  wt%.  In 
addition,  the  yield  stress  of  non-exposed  samples  at  room  temperature  is  higher  than 
those  of  exposed  samples  at  the  same  test  temperature.  The  exposure  of  samples  resulted 
in  an  increased  y'  size  as  shown  in  Figure  3.20.  The  relation  between  precipitate  size  and 
yield  strength  is  well  documented  and  shown  schematically  in  Figure  4.4.  When 
dislocations  cut  through  y\  the  strength  of  the  alloy  increases  with  increasing  y’  size  as 
predicted  by  the  Brown  and  Ham  j I ] equation  as  follows: 


Where  t is  the  stress  to  move  the  dislocation,  r,  is  precipitate  size,  y0  is  antiphase 
boundary  energy,  f is  the  volume  fraction  of  precipitate,  G is  the  shear  modulus,  and  b is 
the  Burgers  vector.  As  the  particle  size  is  increased,  cutting  through  a coherent  particle 
becomes  more  difficult  and  results  in  an  increase  of  yield  stress.  When  the  precipitate 
size  increases  to  a point  where  the  particles  become  incoherent,  and  the  dislocations  can 
no  longer  cut  the  precipitate.  When  dislocations  no  longer  cut  through  the  panicles,  the 
yield  strength  of  the  alloy  decrease  with  increasing  size. 


Figure  4.4  EfFecl  of  precipitate  size  on  yield  strength. 

Examining  the  TEM  images  of  the  room  temperature  tensile  samples  showed  that 
y'  cutting  took  place  during  tensile  test  at  room  temperature  (Figure  3.30-a)  and  the 
deformation  was  distributed  between  the  y and  the  y'  particles.  Exposure  of  samples 
resulted  in  an  increase  of  y'  size  and  in  a reduction  of  yield  strength  at  all  carbon  levels 
(Figure  3.25).  In  addition,  exposure  resulted  in  removal  of  small  y'  precipitates  that 
formed  during  aging  heat  treatments.  The  removal  of  these  small  y’  particles  is  the  main 
reason  for  the  drop  of  yield  stress  of  the  alloy  after  exposure.  Furthermore,  because  of  the 
increase  in  y’  size,  dislocations  may  not  cuty*  particles  and  strength  may  be  reduced.  The 
reduction  in  yield  strength  with  the  increase  of  7’  size  is  in  agreement  with  other  literature 


(2 1 1 as  shown  in  Figure  4.6. 
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Figure  4,5  Effect  of  -f  size  on  single  crystal  of  PWA  1480  on  0.2%  yield  strength. 

The  yield  strength  of  exposed  samples  at  high  temperature  was  higher  than  exposed 
samples  tested  at  room  temperature.  This  could  be  explained  by  the  y'  deformation 
behavior  at  high  temperature.  Many  studies  have  shown  that  the  yield  strength  of  a y' 
single  crystals  increases  with  increasing  temperature  (56-60].  This  was  attributed  to  the 
change  of  slip  system  from  octahedral  slip  on  <1 1 0>(  1 1 1 ) to  the  cubic  slip  on 
<1 10(001)  at  higher  temperatures. 

Examining  the  TEM  images  of  tensile  samples  at  high  temperature  showed  that  die 
y'  particles  were  sheared  by  dislocations  (Figure  3.30-b).  When  y"  particles  are  sheared 
by  pair  of  dislocations,  cross  slip  becomes  feasible.  With  sufficient  thermal  activation, 
segments  of  dislocations  could  cross  slip  to  cubic  system  and  form  sessile  obstacles.  This 


has  the  effect  of  increasing  the  resistance  to  deformation  and  would  result  in  increased 
yield  strength  of  the  alloy. 

Examining  the  stress-strain  curves  showed  that  some  of  the  samples  exhibited  a 
yield  point  phenomenon.  As  Table  3.6  indicated,  the  yield  point  phenomenon  is  observed 
mostly  in  the  samples  with  low  carbon  levels.  The  yield  point  phenomenon  is  believed  to 
be  a result  of  the  interaction  between  dislocations  and  solute  atoms  [61).  The  atmosphere 
of  solute  atoms  that  accumulate  around  dislocations  serves  to  anchor  these  dislocations. 
This  requires  additional  stress  to  release  the  dislocation  from  its  atmosphere.  As  a result, 
an  increase  in  the  stress  to  move  dislocation  is  required  which  corresponds  to  the  upper 
yield  poinL  Once  the  dislocations  are  freed,  lower  stress  is  required  to  move  the 
dislocations.  In  the  current  alloy,  at  high  carbon  levels,  the  yield  point  phenomenon  was 
not  observed  because  the  carbon  atoms  and  carbides  are  so  extensive  that,  once  the 
dislocation  is  moved,  it  will  quickly  encounter  another  obstacle.  As  a result,  the  stress 
required  to  move  dislocations  was  not  reduced  and  yield  point  was  not  observed. 

Another  possible  explanation  for  this  phenomenon  is  that,  low  carbon  level  samples  did 
not  have  as  much  dislocations  in  the  structure  as  high  carbon  samples  did  due  to  the 
increased  number  of  carbides.  As  a result,  the  stress  needed  to  create  mobile  dislocations 
and  start  yielding  the  alloy  is  increased.  Once  this  mobile  dislocation  is  created,  the  stress 
dropped  down  and  then  started  die  subsequent  stage  of  deformation.  In  the  case  of  high 
carbon  alloys,  interfacial  dislocations  between  the  carbides  and  the  matrix  arc  present  and 
the  stress  needed  to  move  them  was  much  lower. 

Another  observation  to  note  was  the  strain  hardening  of  tensile  samples.  Room 
temperature  tests  showed  that  the  stress-strain  curve  either  runs  horizontally  or  hardens  as 
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Ihc  lest  was  continued  after  yielding.  This  is  an  indication  that  the  deformation  of  the 
alloy  was  uniform  and  did  not  form  necking  during  the  tensile  test.  On  the  other  hand,  the 
stress-strain  curve  at  high  temperature  did  not  harden  after  yielding  and  was  continually 
decreasing  as  the  test  was  performed.  This  means  that  the  stress  was  localized  in  a small 
area  and  sample  necking  had  occurred.  Hardening  of  high  carbon  samples  at  room 
temperature  occurred  right  after  yielding.  Lower  carbon  levels  did  not  show  increased 
hardening  right  after  yielding  but  at  a later  stage.  This  is  also  probably  due  to  the 
obstruction  slip  of  dislocations  by  the  carbides  phases  present  in  the  structure. 

The  fracture  surface  of  these  alloys  at  room  temperature  had  a brittle  appearing 
fracture  surface  with  cleavage  steps  evident  for  low  carbon  level  samples.  High 
magnification  of  the  ftacturc  surface  showed  dimple  structure  in  some  areas  of  the 
surface.  These  dimples  could  be  the  result  of  casting  porosity  present  in  the  alloy.  In 
addition,  these  dimples  could  be  the  result  of  microvoids  created  by  the  dccohesion  of 
carbide/malrix  interface. 

Longitudinal  section  showed  many  carbides  that  were  cracked  perpendicular  to  the 
stress  axis.  Many  of  these  carbides  contained  more  than  one  crack  along  the  carbide 
length  as  shown  in  Figure  3.29-b.  These  cracks  formed  during  the  deformation  of  the 
material  as  the  as-cast  alloy  did  not  contain  any  cracked  carbides.  Tire  cracking  of 
carbides  clearly  indicates  that  carbides  acted  as  crack  nuclcation  and  propagation  sites 
(Figure  3.29-c),  It  is  also  noticed  that  porosity  on  the  longitudinal  section  of  fractured 
samples  did  not  affect  tensile  fracture  as  no  cracks  initialed  at  the  casting  pores  (Figure 
3.29-a). 


Creep  Tests 

Creep  properties  were  affected  adversely  by  the  addition  of  carbon  and  by  the 
exposure  of  samples,  as  well.  The  addition  of  carbon  to  the  model  alloy  has  resulted  in  a 
reduction  of  creep  life  (Figure  3.34)  and  an  increase  in  the  minimum  creep  rate  (Figure 
3.33).  A drop  of  100  hours  in  creep  life  was  observed  with  the  addition  of  low  amount  of 
carbon  (0.01  wt%).  The  carbon  addition  affects  creep  properties  in  several  of  ways.  First, 
the  addition  of  carbon  formed  carbides  which  are  brittle  phases  and  cracks  could  be 
initiated  from  prc-cracked  carbides  or  from  the  decohesion  between  the  carbides  and  the 
matrix.  Cracks  forming  at  the  carbides  were  observed  on  fracture  crept  samples  as  shown 
in  Figure  3.37.  In  addition,  several  carbide  particles  showed  cracks  at  different  positions 
along  the  same  carbide  indicating  clearly  that  the  cracks  have  started  at  the  carbides 
(Figure  3.38-b). 

The  other  effect  that  carbon  addition  have  on  creep  properties  is  reducing  the  solid 
solution  strengthening  of  the  alloy.  When  carbon  was  added,  solid  solution  strengthened 
are  lied  up  to  the  carbon  to  form  MC-type  carbide.  In  the  model  alloy  used  in  this  study, 
the  carbides  were  of  the  form  TaC  where  tantalum  is  removed  from  y’ causing  reduction 
of  strength. 

Casting  porosity  has  an  important  role  on  creep  properties  as  well.  Unlike  tensile 
tests,  longitudinal  sections  of  crept  samples  showed  that  cracks  have  initialed  at  casting 
pores  in  the  alloy  as  shown  in  the  longitudinal  section  of  Figure  3.38-a.  The  cracks  from 
these  pores  runs  horizontally  and  perpendicular  to  the  stress  axis.  The  pores  during  creep 
tests  acted  as  crack  initiation  sites.  Additional  effect  of  pores  on  creep  properties  could  be 
related  to  the  reduction  of  load-bearing  area,  leading  to  an  acceleration  of  deformation 


[23].  As  mentioned  earlier,  carbon  additions  to  the  alloy  resulted  in  a slight  increase  in 
casting  pores  which  resulted  in  reducing  the  creep  strength. 

Samples  exposure  resulted  in  a reduction  of  creep  life  and  increase  in  minimum 
creep  rale.  This  could  be  linked  to  the  rafted  structure  of  the  alloy.  Because  of  the 
negative  misftt  between  7 and  y\  rafts  of  y'  normal  to  the  stress  axis  arc  formed  during 
the  creep  test.  Perfection  of  these  layers  or  rafts  results  in  an  increased  resistance  to 
dislocations  cutting  through  these  rafts  and  consequently  increases  creep  resistance  [28. 
44].  While  some  authors  reported  [62]  that  increased  y'  size  (-0.45  pm)  has  resulted  in  a 
better  creep  properties,  others  (26, 44]  have  reported  that  reftning  y’  (-0.1 5 pm)  results  in 
better  creep  properties.  Work  by  Pollock  et  al.[26]  concluded  that  the  optimum  creep 
resistance  is  for  high  y'  volume  fraction,  non-shcarablc  y'  cuboidal  which  are  closely 
spaced,  y'  rafts  result  in  improving  creep  strength  by  retarding  dislocation  cutting 
through  these  rafts.  The  resistance  of  these  rafts  increases  as  the  rafts  become  more 
perfect.  Perfection  of  these  rafts  depends  on  how  -f  particles  are  aligned. 

During  exposure  of  all  LMSX- 1 samples,  y'  particles  coarsened  and  formed 
irregular  y‘  particles  which  resulted  in  a less  perfect  rafts  compared  to  non-exposed 
samples  as  shown  in  Figure  3.40.  In  addition,  small  y*  particles  developed  during  aging 
heat  treatment  have  dissolved  after  exposure  resulting  in  a decreased  creep  strength. 

The  effect  of  carbon  addition  on  minimum  creep  rate  was  found  to  be  more 
pronounced  on  exposed  samples  compared  to  non-exposed  samples  at  high  carbon  levels 
(Figure  3.33).  This  means  that  high  levels  of  carbon  additions  will  affect  the  stability  of 
components  used  in  service  more  severely. 
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Addition  of  carbon  could  afTcol  creep  properties  indirectly  as  well.  Addition  of 
carbon  resulted  in  a reduction  of  y'  solvus  and  reduction  in  incipient  melting.  This  results 
in  a reduction  of  solution  heat  treatment  temperature  which  means  less  homogenization 
of  the  alloy.  While  one  heat  treatment  was  used  for  all  alloys  in  this  study  for  economy 
reasons,  it  may  not  be  the  optimum  solution  heat  treatment  of  all  samples.  In  addition, 
when  carbides  formed,  Ta  is  removed  from  the  y'  and  this  results  in  a change  of  y' 
morphology  from  cuboidal  to  spherical  during  exposure  of  samples  This  is  because 
surface  energy  will  quickly  overcome  strain  energy  due  to  the  reduction  of  Ta  in  7' 
particles.  The  change  of  Y morphology  to  spherical  shape  would  result  in  forming  less 
perfect  rafts  that  decrease  creep  resistance. 

Fatigue  Tests 

High  cycle  fatigue  properties  were  affected  by  carbon  additions  in  a similar  manner 
to  creep  properties.  Carbon  levels  of  0.05  wl%  and  higher  resulted  in  a large  drop  of 
fatigue  life  (Figure  3.41).  At  high  carbon  levels,  the  fatigue  life  reached  a plateau  where 
further  increases  in  carbon  level  did  not  affect  fatigue  life  significantly. 

The  two  main  sources  of  crack  initiation  in  fatigue  tests  were  brittle  phases  and 
casting  pores  in  the  structure.  The  fracture  surfaces  of  fatigued  samples  showed  that  all  of 
the  initiation  sites  were  generated  internally.  For  low  carbon  levels  (0.00  wt%  and  0.01 
wt%),  the  initiation  sites  were  subsurface  casting  pores.  In  some  cases,  carbides  acted  as 
crack  initiation  sites  because  of  their  brittle  nature  as  shown  in  Figure  4.6.  Moreover 
carbide  cracking  also  had  an  impact  on  crack  propagation  by  linkup  of  cracks  between 
carbides  as  shown  in  Figure  3.47. 
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Figure  4.6  Backscattcred  image  of  initiation  site  of  fatigue  fractured  sample  with  0. 1 5 
wi%  carbon  level. 

Low  carbon  fatigue  fracture  surfaces  were  planar  and  highly  reflective  and  had 
some  cleavage  characteristics  such  as  river  patterns  ( Figure  3.42).  The  fracture  appears 
to  occur  on  the  { 1 1 1 ) slip  planes  as  the  fracture  surface  is  inclined  at  an  angle  of  53° 
which  is  close  to  the  { 1 1 1 ) plane  angle  (56°).  This  is  described  as  Stage  I crack 
propagation  where  crack  propagates  along  crystallographic  planes  [38]  until  failure 
occurs  by  tensile  overload  at  the  crack  tip.  The  Stage  1 crack  propagation  has  been 
reported  by  a number  of  investigators  of  nickel  base  superalloys  [36-38].  High  carbon 
samples  had  very  rough  fracture  surfaces  with  facets  that  are  parallel  to  the  [111)  planes. 

Regions  of  fast  fracture  were  observed  on  the  fatigued  samples  which  looked  like  y' 
particles  that  have  been  by-passed  during  fatigue  fracture  (Figure  3.42-b).  It  appears  that 
fracture  occurs  along  the  matrix  and  not  through  y'  precipitates.  Antolovich  ct  ai.  [63] 


observed  cracks  avoiding  y'  particles  on  an  SEM  stereo  image  pairs  of  CMSX-2  single 
crystal.  It  was  therefore  suggested  that  cracks  propagate  along  { 1 1 1 1 planes  in  the  matrix 
and  along  the  {100}  planes  at  the  interface  between  the  austenitic  matrix  and  the '( 
precipitates.  The  proposed  mechanism  by  Antolovich,  is  shown  in  Figure  4.7. 
Longitudinal  sections  of  fractured  fatigue  samples  did  not  show  crack  propagation  in  the 
matrix  because  of  the  heavy  oxidation  that  took  place  after  fracture. 


secondary  crack 


Figure  4.7  Proposed  mechanism  for  fatigue  crack  propagation  in  the  fast  fracture  surface 
of  single  crystal  alloy.  Cracks  propagate  along  fill)  planes  in  the  matrix  and 
along  the  { 100}  planes  at  the  interface  between  y and  y’. 

Tltc  fatigue  life  of  0.01  wt%  carbon  in  most  cases  were  better  than  the  0.00  wt% 
carbon.  Addition  of  0.01  wt%  carbon  resulted  in  formation  of  small  fractions  of  carbide 
particles  and  it  would  be  expected  that  these  panicles  would  not  affect  fatigue  life. 
Instead,  the  addition  of  0.01  wt%  carbon  has  resulted  in  an  increased  cleanliness  of  the 
alloy  by  reducing  the  amount  of  oxides  in  the  alloy  as  previously  reported  [41  ].  One 
sample  with  0.01  wt%  carbon  which  had  failed  in  very  low  number  of  cycles  (-70,000 
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7.  Ultimate  tensile  strength  (UTS)  increased  with  increasing  carbon  content  at  ronm 
temperature,  but  UTS  was  not  affected  by  carbon  addition  at  high  temperature. 

8.  The  addition  of  carbon  to  the  model  alloy,  LMSX- 1 , has  affected  the  creep  life 
significantly.  As  the  carbon  level  was  increased,  the  creep  life  decreased  and  the 
minimum  creep  rate  increased.  For  instance,  addition  ofO.15  wt%  carbon  reduced 
the  life  by  more  than  500  hours  in  some  cases. 

9.  Casting  pores  and  carbides  in  the  microstructurc  played  an  important  role  in  creep 
strength  as  they  acted  as  crack  initiation  sites. 

1 0.  Exposure  of  samples  did  affect  creep  life  at  all  carbon  levels  as  compared  to  non- 
exposed  samples. 

1 1 . The  addition  of  carbon  also  increased  the  minimum  creep  rate  of  both  exposed  and 
non-exposed  samples.  The  effect  of  carbon  addition  was  more  significant  in  the 
case  of  exposed  samples  compared  to  non-exposed  samples  at  a carbon  level  of 
0.15  wt%, 

12.  The  addition  of  carbon  resulted  in  reducing  the  Ta  content  in  Y precipitate  and,  as  a 
result,  reduced  the  y/y'  misfit.  This  affected  the  formation  of  perfect  rafts  and 
resulted  in  less  creep  resistance. 

1 3.  High  cycle  fatigue  life  was  reduced  by  the  addition  of  carbon.  A large  drop  in 
fatigue  life  was  encountered  by  the  addition  of  0.05  wt%  and  higher. 

14.  The  fatigue  life  of  the  model  alloy  reached  a plateau  at  high  carbon  levels  where 
further  addition  of  carbon  resulted  in  a small  drop  in  fatigue  life. 

15.  The  addition  of  0.0 1 wt%  carbon  improved  the  fatigue  life  over  0.00  wt%carbon 
level.  This  improvement  could  be  related  to  increased  cleanliness  of  the  alloy. 

1 6.  Casting  pores  and  carbides  affected  the  creep  life  adversely  as  they  acted  as  crack 
initiation  sites.  However,  no  crack  initiation  was  observed  on  tensile  and  fatigue 
samples. 


Future  Work 

The  current  study  has  investigated  the  effect  of  carbon  addition  to  single  crystal 
model  alloy,  LMSX-I , on  mechanical  properties.  While  this  study  showed  that  carbon 
addition  has  resulted  in  reduction  of  defects  formation,  further  study  on  how  carbon 
influences  defect  formation  is  required.  Particularly,  investigation  on  how  carbon 
addition  affects  freckle  formations  is  needed.  In  this  study,  it  was  suggested  that  the 
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physical  presence  of  carbides  in  the  intcrdcndrilic  region  helps  in  reducing  lhcnno*so)utaI 
fluid  flow  (hat  causes  freckles.  However,  one  would  need  (o  prove  that  carbide 
precipitates  ahead  of  the  formation  of  Ihcrmo-solutal  fluid  flow. 

Additional  work  is  also  required  to  characterize  tensile  properties  at  temperatures 
other  than  room  temperature  and  950  °C.  This  would  give  an  indication  of  how  tensile 
properties  respond  to  temperature  changes  at  temperatures  between  room  temperature  and 
950°C. 

Low  cycle  fatigue  properties  need  to  be  investigated  as  well  in  order  to  study  the 
effect  of  carbon  addition  on  crack  propagation. 


APPENDIX  A 

LINE  SCAN  GRAPHS  OF  AS-CAST  SAMPLES 
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Figure  A.l  Line  seen  microprobc  analysis  of  Cr. 
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Figure  A.3  Line  scan  microprobc  analysis  of  Al. 
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Figure  A.4  Line  scan  microprobe  analysis  of  W. 
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Figure  A.5  Line  scan  microprobc  analysis  of  Ni. 


Figure  A.6  Line  scan  microprobe  analysis  of  Re. 


APPENDIX  B 

DTA  RESULTS  OF  AS-CAST  AND  HEAT  TREATED  SAMPLES 
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APPENDIX  C 

STRESS-STRAIN  CURVES  FOR  TENSILE  SAMPLES 


0.05  %wtC  0.10  wt%C 


Figure  C.l  Slress-slrain  curves  for  non-ex  posed  samples  tested  at  950  °C. 
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0.15  wt%C 


Figure  C.2  Sircss-sirain  curves  for  non-cxposed  samples  lesled  at  room  temperature. 
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0.15  wl%C 


Figure  C.3  Stress-strain  curves  for  exposed  samples  tested  at  950  °C. 
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